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The eﬀect of grain size on the blunting of cracks in nanocrystalline materials is described theoretically. Within our description,
lattice dislocations emitted from cracks are stopped at grain boundaries. The stress ﬁelds of these dislocations suppress further dislocation emission from cracks in nanomaterials, and the suppression depends on grain size. The dependence of the number of dislocations emitted by a crack on grain size in nanocrystalline Ni is calculated, and characterizes the grain size eﬀect on crack blunting.
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Plastic deformation and fracture processes in
nanocrystalline metals and ceramics are the subject of rapidly growing research eﬀorts motivated by development of
technologies exploiting the outstanding mechanical properties of these materials (e.g., [1–15]). Nanomaterials generally have superior strength and hardness but low tensile
ductility characterized by strain-to-failure of 2–3% at
room temperature [1–4]. In particular, the speciﬁc fracture
behavior of nanomaterials manifests itself in the experimental fact that some nanocrystalline metals with a
face-centered-cubic (fcc) lattice exhibit a ductile-to-brittle
transition with decreasing grain size [16–18]. In contrast,
good ductility is always inherent to coarse-grained fcc
metals where emission of lattice dislocations from cracks
causes eﬀective blunting of cracks and thus suppresses
their growth. In the context discussed, in order to understand and control the speciﬁc fracture behavior of nanomaterials, it is very important to identify the sensitivity of
crack blunting processes to nanocrystallinity. The main
aim of this paper is to describe theoretically the grain size
eﬀect on the blunting of cracks in nanomaterials. Particular attention will be paid to the role of grain boundaries
(GBs) as structural elements that hinder the blunting of
cracks in nanomaterials.
Let us consider a model inﬁnite nanocrystalline solid
under a remote one-axis tensile loading. The solid is supposed to be elastically isotropic and have the shear mod-
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ulus G and Poisson ratio m. Let a long, ﬂat crack grow in
the solid. If the stress intensity near the crack tip is large
enough, the crack induces plastic shear through the
emission of a lattice dislocation from the crack tip. Since
GBs serve as obstacles to lattice dislocation slip [1–4], we
assume that the emitted dislocation is retarded at the
neighboring GB. In general, the emission of the ﬁrst dislocation is followed by the emission of the next dislocations along the same slip plane. These new dislocations
slip until they reach their equilibrium positions determined by the balance of the force exerted by the applied
shear stress (which promotes dislocation slip) and the
force exerted by the previously emitted dislocations
(which hinders dislocation slip).
If the grain size of the solid is suﬃciently large, the
emitted dislocations move far enough from the crack
tip and do not signiﬁcantly hinder the motion of new
dislocations until the number of the emitted dislocations
becomes large enough. In this case, the dislocation emission along one slip plane can induce signiﬁcant blunting
of the crack tip. Following Refs. [19–21], the signiﬁcant
blunting both stops crack growth and makes the solid
ductile. At the same time, in nanomaterials, the emission
of even one dislocation and its arrest at the nearest GB
hinder the emission of subsequent dislocations along the
same plane due to dislocation repulsion. In doing so, the
dislocation emission does not induce signiﬁcant crack
blunting. As a corollary, the nanocrystalline solid tends
to show a brittle behavior.
Note that the above scenario is realized in the situation where slip of lattice (perfect or partial) dislocations
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dominates in nanocrystalline materials. In particular, it
is the case of room temperature deformation of nanocrystalline and ultraﬁne-grained metals having grain size
d larger than a critical size dc  20 nm [1–4]. In these
materials, one expects that emission of lattice dislocations from crack tips is the dominant micromechanism
for crack blunting at room temperature. Our view is
supported by the experimental ‘‘in situ” observation
[22] of the dominant role of lattice-dislocation plasticity
near crack tips in nanocrystalline Ni with mean grain
size d = 23 nm. In contrast, GB sliding plays an important or even dominant role in plastic ﬂow in nanocrystalline metals with the ﬁnest grains (d < 20 nm) at
room temperature and nanocrystalline metals and
ceramics with widely ranging grain sizes at elevated temperatures [1–4]. In these materials, one expects that both
lattice dislocation slip and GB sliding contribute to the
blunting of cracks. This view is supported by computer
simulations [23] showing that lattice dislocation emission
and GB deformation processes contribute approximately
60% and 40%, respectively, to the blunting of a crack in
nanocrystalline a-Fe with grain size d = 9 nm. In our
short paper, for simplicity, we consider the emission of
only lattice dislocations from cracks. In doing so, our
model eﬀectively describes the crack blunting in nanocrystalline and ultraﬁne-grained metals with grain sizes
d > 20 nm at room temperature, and approximately describes the crack blunting in other nanomaterials.
Let us calculate the number N of dislocations emitted
from a crack along one slip plane as a function of grain
size d. For simplicity, we consider the case of pure mode
I loading, characterized by the stress intensity factor KI
created by an applied tensile load. We focus on the case
where the crack length is much larger than d. In this
case, the crack can be modeled as a semi-inﬁnite one.
Let the crack lie along the half-plane (y = 0, x < 0) in

a

the coordinate system (x, y) shown in Figure 1, and let
several dislocations be emitted from the crack tip
(Fig. 1) under the action of the applied stress concentrated at the tip. For simplicity, we focus on the situation where the dislocations are of edge character and
their Burgers vectors lie along the slip plane that makes
an angle h with the x-axis (Fig. 1).
The ﬁrst (leading) dislocation stops at a GB at a distance d from the crack tip. The equilibrium positions of
the other dislocations are calculated from the force balance equations F kr ¼ 0, where k = 2, ..., N; and F kr is the
projection of the force Fk on the r-axis (see Fig. 1). The
total force F kr acting on the kth dislocation can be
rewritten in terms of the eﬀective stress rerh ðrk ; hÞ acting
on the kth dislocation (where rk is the distance from the
kth dislocation to the crack tip) and deﬁned as:
F kr ¼ brerh ðrk ; hÞ. This eﬀective stress can be presented
as:
rerh ðrk ; hÞ ¼ rKrhI ðrk ; hÞ þ rim
rh ðrk ; hÞ þ
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Figure 1. Crack in a deformed nanocrystalline solid. (a) General view.
(b) The magniﬁed inset highlights lattice dislocation emission from a
crack tip.

rrh ðrk ; rj ; hÞ;

ð1Þ
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where the stress rKrhI ðrk ; hÞ is created by the applied load
near the crack tip and corresponds to the force exerted
by the applied load on the kth dislocation; the image
stress rim
rh ðrk ; hÞ is associated with the presence of the
crack free surface and corresponds to the image force induced by the crack; and the stress rrh ðrk ; rj ; hÞ is created
by the jth dislocation at the point (rk, h) and corresponds
to the force exerted on the kth dislocation by the jth
dislocation.
To be emitted from the crack tip, all dislocations have
to overcome the crack tip attraction zone associated
with the presence of the image stress rim
rh ðr k ; hÞ. Following the Rice–Thompson criterion [19], we assume that
the emission of the ﬁrst dislocation occurs if this dislocation is repelled from the crack tip whenever the distance
from the dislocation to the crack tip exceeds the dislocation core radius r0. Then the critical condition for the
emission of the ﬁrst dislocation is:
rKrhI ðr1 ; hÞ þ rim
rh ðr1 ; hÞjr¼r0 > 0:

crack

N
X

ð2Þ

If the ﬁrst dislocation moves far enough from the crack
tip, it only slightly increases the crack tip attraction zone
for the second emitted dislocation. In this case, the second dislocation can overcome this attraction zone and is
then repelled from the crack tip until it reaches its equilibrium position. At the same time, if the ﬁrst emitted
dislocation stops at a GB located very close to the crack
tip, it can completely eliminate the region where the following dislocation is repelled from the crack tip, making
the emission of the next dislocation impossible.
For deﬁniteness, in the following, we consider only
necessary conditions for dislocation emission and suppose that dislocation emission can be possible even if
the width of the crack tip attraction zone exceeds the
dislocation core radius. We assume that the emission
of the (N + 1)th dislocation (N = 1, 2, . . .) can occur if
there is a region within the interval 0 < r < d where this
dislocation is repelled from the crack tip. In this region,
the following inequality should be valid:
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rKrhI ðrN þ1 ; hÞ þ rim
rh ðr N þ1 ; hÞ þ

N
X

rrh ðrN þ1 ; rj ; hÞ > 0:

ð3Þ

j¼1

Note that formula (3) gives only necessary, but not sufﬁcient, condition for the dislocation emission. Therefore, the real conditions for the dislocation emission
are stricter than those described by formula (3).
Let us calculate the stresses rKrhI ðrk ; hÞ; rim
rh ðrk ; hÞ and
rrh ðrk ; rj ; hÞ appearing in formulas (1)–(3). The stress
rKrhI ðrk ; hÞ that corresponds to the force of the interaction
between the kth dislocation and the applied stress near
the crack tip is given by [24]:
rKrhI ðrk ; hÞ ¼

K I sin h cosðh=2Þ
pﬃﬃﬃﬃﬃﬃﬃﬃﬃ
:
2 2prk

ð4Þ

The image stress rim
rh ðrk ; hÞ that corresponds to the force
of the interaction between the kth dislocation and the
crack free surface is given as [24]:
rim
rh ðr k ; hÞ ¼ 

Gb
;
4pð1  mÞrk

ð5Þ

where b is the magnitude of the dislocation Burgers
vector.
The stress rrh(r, rj, h) created by the jth dislocation at
the point (r, h) is expressed in terms of the Cartesian
stress ﬁeld components rxx, ryy and rxy as:


rrh ¼ ryy  rxx sin h cos h þ rxy cosð2hÞ:
ð6Þ
[24] as ryy =
The stresses rxx, ryy and rxy follow Ref.
0
Re g,
rxy = Im g,
rxx = Re[4u  g],
where
 0 þ ðz  zÞ
g ¼ u0 þ x
u00 , u and x are the complex p
funcﬃﬃﬃﬃﬃﬃﬃ
tions of the complex variable z = x + iy and i ¼ 1.
 0 for an edge dislocation located
The quantities u0 and x
at the point zj = xj + iyj follow from Ref. [24] as:
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where A = G(bx + iby)/[8pi(1  m)]. In the case shown in
Figure 1, we have: bx = b cos h, by = b sin h, and
zj ¼ rj eih .
Formula (1) and Eqs. (4)–(8) allow the total stresses
rerh ðrk ; hÞ acting on dislocations to be calculated. To calculate the number N of lattice dislocations that can be
emitted along the same slip plane, we use the following
calculation procedure. First, we verify validity of criterion (2) for emission of the ﬁrst dislocation. If this criterion is valid, we place the ﬁrst dislocation at the distance
d from the crack tip and verify validity of criterion (3)
for the emission of the second dislocation. If this criterion is valid for the second dislocation, we calculate its
equilibrium position and check validity of criterion (3)
for emission of the third dislocation, and so on. The pro-

629

cedure is carried out for all the new emitted dislocations
and ends when criterion (3) for the emission of a new
dislocation stops to be valid.
With this calculation procedure, we have calculated
the number N of lattice dislocations emitted along the
same plane as a function of grain size d, for nanocrystalline Ni (Fig. 2). For deﬁniteness,
weﬃ put h = p/3 and
pﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
KI = KIC, where K IC ¼ 4Gc=ð1  mÞ is the brittle fracture toughness and c is the speciﬁc surface energy. We
have also used the following typical values of parameters
of Ni: G = 73 GPa, m = 0.34, c = 1.725 J m2 and
b = 0.25 nm. Figure 2 shows that N signiﬁcantly decreases with a decrease in grain size d. In particular,
N = 10 at d = 200 nm, and N = 4 at d = 30 nm. This
means that, for small grain sizes, dislocation emission
along one slip plane cannot lead to a signiﬁcant crack
blunting. In this case, the crack can easily grow, though
its growth rate is lowered by plastic deformation near
crack tip. Therefore, when the grain size of a nanocrystalline solid is lower than a critical value, the solid shows
a ductile-to-brittle transition. The fracture behavior of
such a solid undergoing the ductile-to-brittle transition
is characterized by a slow crack growth, which can eventually (but not immediately) result in the complete fracture of the solid. This conclusion is supported by
experiments [16,17] showing that a nanocrystalline Ni–
15% Fe specimen with the grain size d = 9 nm fractures
due to brittle crack propagation but, at the same time,
demonstrates a high enough strain-to-failure of 8%. Generally speaking, in the case of d < 20 nm, one should take
into account GB deformation processes that contribute
to the blunting of cracks and increase strain-to-failure.
At the same time, our preliminary analysis deﬁnitely
shows that accounting for GB deformation processes
does not change the key conclusions of this paper.
Thus, we have theoretically revealed that blunting of
cracks through lattice dislocation emission is highly sensitive to the grain size in nanocrystalline and ultraﬁnegrained materials at room temperature. In particular,
grain boundaries eﬀectively suppress both the dislocation emission from crack tips and thereby the blunting
of cracks in nanocrystalline metals with comparatively
small grains. As a corollary, when the grain size of a
nanocrystalline solid decreases, the solid tends to show
a brittle behavior. This theoretical conclusion is in a
good agreement with the experimentally detected fact
[16–18] that some nanocrystalline fcc metals exhibit a
ductile-to-brittle transition with decreasing grain size.
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Figure 2. The maximum number N of edge dislocations (that can be
emitted from the crack tip along one slip plane) as a function of grain
size d in nanocrystalline Ni.
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Figure 3. A crack grows in a deformed ceramic–matrix nanocomposite
containing metallic nanoinclusions (gray regions) in grain interiors and
at grain boundaries. The magniﬁed inset highlights lattice dislocation
emission from the crack tip penetrating a metallic nanoinclusion.

Finally, note that our theoretical results are interesting
for understanding the mechanisms of ductile phase
toughening [25] in ceramic nanocomposites consisting
of a ceramic matrix and ductile metallic nanoinclusions
(Fig. 3). The toughening is realized through plastic
deformation of metallic nanoinclusions, which relieves
high local stresses near a crack tip and thus hampers
crack growth. Plastic deformation of metallic nanoinclusions occurs in part via emission of lattice dislocations
from the crack tip penetrating a metallic nanoinclusion
(Fig. 3). In these circumstances, with the results of this
paper, one expects that toughness of nanoceramics with
metallic nanoinclusions is highly sensitive to sizes of
nanoinclusions, because of the theoretically revealed
grain size eﬀect on blunting of cracks. More precisely,
the ductile phase toughening is enhanced in ceramic
nanocomposites when the typical size of metallic nanoinclusions increases.
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