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Abstract. Molecular dynamics is applied to study the effect of crystallographic orientation on the
plastic deformation mechanisms and mechanical properties of NiAl intermetallic nanofilms
subjected to uniaxial tension. It is observed that the deformation mechanisms qualitatively depend
on the crystallographic orientation of the nanofilms with respect to the loading direction. Plastic
deformation of the nanofilms along [557] crystallographic direction is associated with the edge
dislocation sliding in the slip system [001](110). As for the nanofilms stretched along [554] and
[111] directions, their deformation occurs first through the dislocation sliding followed by the
formation of (112)[11 1 ] twins. Uniaxial tension of the nanofilms along [559] and [55 11] leads to
the nucleation and growth of a martensitic phase followed by their rupture along an interface. The
maximum (minimum) strength of 9.9 (7.0) GPa is observed for the nanofilms stretched along the
[559] ([554]) crystallographic direction, while the largest (smallest) strain to failure of 27 (15)% is
for  [559]  ([55 11]).  Various  deformation  mechanisms  of  the nanofilms  are  explained  through
computing the Schmid factor for the operational slip system. The results indicate that the
crystallographic orientation is among the key parameters controlling the deformation mechanisms
and mechanical properties of intermetallic nanofilms.

1. INTRODUCTION

Due to high Young’s modulus (240 GPa), melting
point (1911K), corrosion resistance and low spe-
cific density (5.9 g/cm3), NiAl intermetallic com-
pounds can find application, for instance, in gas-
turbine engine manufacturing, heat resistant coat-
ings, and other high-temperature applications [1-3].
Nanomaterials made of Ni-Al alloys possess unique
mechanical properties, they can be a part of com-
posite materials [4], their strength can be close to
the theoretical value [5-7], these are important fac-

tors for further increasing the use of such materials
in various applications.

At the same time, low ductility of NiAl materials
at room temperature and low strength at increased
temperatures [8-10] lead to limitations of their use.
Therefore researchers have been looking for ap-
proaches to increase strength and ductility of NiAl.
For example, ductility up to 139% for the single-
phase Ni-50Al alloy with an average grain size of
220 m was observed during high temperature
uniaxial tension at certain strain rate [11]. Such
behavior is due to the continuous dynamic recovery
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and recrystallization when low-angle grain bounda-
ries of sub-grains transform to high-angle ones re-
sulting in decrease of the average grain size down
to 30 m. The superplastic elongation ( > 180%)
during tension of the NiAl-9Mo alloy consisting of á-
Mo dispersoid phase and -NiAl matrix was shown
to be associated with sliding and rotation of matrix
grain boundaries [12]. High ultimate compressive
strength and strain to failure (2143 MPa and 32.2%,
respectively) were demonstrated during deformation
of nanocrystalline NiAl subjected to mechanical al-
loying and high temperature sintering [13].
Intermetallic compounds demonstrate deformation
mechanisms different from those of pure metals or
disordered alloys [14]. In-situ scanning electron
microscopy tensile experiments and molecular dy-
namics (MD) simulations on nominally defect-free
single-crystalline Au nanowhiskers demonstrated
that deformation twinning of nanoscale materials can
result in their high tensile ductility in addition to ul-
tra-high strength [15]. NiAl single crystals oriented
along [213] exhibit tensile elongations of up to 28%
at room temperature under certain conditions [16].
Levit et al. [17] observed more than 300% elonga-
tion of NiAl single crystal during tension along the
[557] crystallographic direction. The authors ex-
plained this through the contribution to the defor-
mation from the only operational slip system
[001](110) which has the maximum Schmid factor
of 0.5. It has been shown experimentally that cop-
per nano-component has a much higher yield stress
and hardening rate compared to bulk copper [18].
Grain size effect on plasticity and strength of com-
plex-shaped nanocrystalline nickel pillars was stud-
ied in [19].

One of the possible approaches to study the
deformation mechanisms in nanomaterials is to use
MD. Using this method, for example, it was shown
recently that NiAl nanowires having B2 superstruc-
ture can demonstrate superplasticity (~700%)
caused by structure amorphization [20]. Li et al.
[21] demonstrated via MD simulations that in bcc
nanowires, the superelasticity effect is associated
with reversible twinning deformation mechanism. A
non-symmetric deformation at tension/compression
and pseudoelastic/pseudoplastic behavior of NiAl
and CuZr nanowires due to phase transformations
were observed through MD modeling [20-27]. De-
pending on the strain rate and temperature, differ-
ent plastic deformation mechanisms of Cu nanowires
were revealed [28]. MD simulations of a tensile load-
ing at 300K were performed for Fe nanopillars ori-
ented along [001] and [110] directions to demon-
strate that in the former case, plastic deformation

is initiated by dislocation nucleation at the edges of
the nanopillars, whereas in the latter case through
a phase transformation inside the nanopillars [29].
With the help of very large scale MD simulations it
has been shown that the yield strength of
nanomaterials is highly sensitive to their internal and
surface structures [30]. Plastic deformation asso-
ciated with the zigzag stress-strain curves were stud-
ied in perfect and surface defected Cu nanowires
under their uniaxial tension [31]. It was shown that
defects have  influence on  the nanowire’s plastic
deformation mechanisms. A drastic temperature
softening effect on the film strength and modulus
was observed for copper nanofilms deformed at dif-
ferent temperatures and high loading rates [32].
Simulation results reported in [33] showed that not
only the yield strength but also the shear modulus
of single-crystal copper nanofilms subjected to
shear loading increases with decreasing film thick-
ness. MD simulations were used to investigate de-
formation behavior of 00010/{100} single-crystal Cu
nanowires under bending and torsion. For the
nanowires subjected to bending, fivefold deforma-
tion twins were observed, while for the nanowires
under torsion, the plastic deformation mechanism
is the creation of full dislocations from the ends of
the nanowires [34]. Recently, tensile mechanical
behavior of silicon carbide thin films [35] and bi-crys-
talline Si nanofilms [36] were also investigated by
using MD. It was established that the deformation
of NiAl and FeAl nanofilms and nanowires during
uniaxial tension along the [100] crystallographic di-
rection occurs elastically up to 30-40% strain
through the formation of domains with different strain
levels [37-42].

The abovementioned experimental and numeri-
cal studies suggest that strength and ductility of
NiAl intermetallic alloys may depend on many pa-
rameters, among which crystallographic orientation
with respect to the loading direction, which controls
the Schmid factor, is one of the key issues
[16,17,43]. However, to the best of our knowledge,
the effect of crystallographic orientation on the de-
formation mechanisms has not been studied for NiAl
single crystal nanofilms. The current paper ad-
dresses this problem with the use of MD
simulations.

2. MODELING

In this work, nanofilms made of NiAl with B2
superstructure having bcc lattice are chosen as a
material of study. The NiAl lattice parameter is
a=2.8712 Å.
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Fig. 1 shows an example of the computational
cell of NiAl nanofilm having the [557] crystallographic
direction along loading axis which coincides with
the x axis. For all NiAl crystallographic orientations
considered, dimensions of computational cells are
L

x
 340 Å, L

y
 95 Å , L

z
 17.2 Å along the x, y, and

z axes, respectively. The use of relatively small size
of the computational cell along z direction is justi-
fied by the experimental observation that even mac-
roscopic single crystal samples of NiAl with similar
crystallographic orientation with respect to the load-
ing direction demonstrate plane strain deformation
[16,17]. In order to simulate infinite NiAl nanofilms,
the periodic boundary conditions are applied along
the x and z directions removing such way the sur-
face effect, while free surfaces remain perpendicu-
lar to the y axis. For the nanofilm shown in Fig. 1,
we have done test simulations for the computational
cell with L

y
 190 Å and observed no qualitative

changes in the plastic deformation because it was
controlled by the defect nucleation at the surfaces.
We did not consider larger size of the computa-
tional cell in the x direction (L

x
) because our aim

was to study plastic deformation of the nanofilm,
while for increasing L

x
 one would expect transition

to brittle fracture according to the work [44].
Five different crystallographic orientations of the

nanofilms are considered, keeping the [554], [111],
[557], [559] or [55 11] direction coinciding with the x
axis. For all these orientations, the ( 1 10)
crystallographic plane is parallel to the xy plane.

The nanofilms are subjected to uniaxial tension
along the x axis. All the stress components except
for 

xx
 are controlled to be zero. MD modeling of the

nanofilm uniaxial tension is conducted at 10K with
the strain rate of    = 108 s-1. Test calculations
showed that the decrease of strain rate by one or-

Fig. 1. Example of the computational cell for NiAl nanofilm having the [557] crystallographic direction along
the x axis and the (110) crystallographic plane parallel to the xy plane. Periodic boundary conditions are
applied along the x and z directions, while free surfaces are perpendicular to the y axis. Uniaxial tension is
applied along x axis. All stress components except for 

xx
 are controlled to be zero.

der of magnitude does not lead to a noticeable
change of results.

MD simulations of the NiAl nanofilm uniaxial ten-
sion are performed by using the large-scale atomic/
molecular massively parallel simulator (LAMMPS)
program package [45]. The interatomic forces are
modeled with the many-body embedded-atom
method potentials by Purja Pun and Mishin [46].
These interatomic potentials are chosen because
MD results based on the potentials are consistent
with experimental studies and ab initio calculations.
The Verlet method of order four with the time step of
1 fs is used for numerical integration of the atomic
equations of motion.

3. RESULTS

Fig. 2 shows stress-strain curves 
xx
(

xx
) obtained

during uniaxial tension of the NiAl nanofilms along
different crystallographic directions. It is clearly seen
that stress-strain relations depend noticeably on the
nanofilm orientation and therefore, one can expect
that various deformation mechanisms may operate
in these cases.

All the nanofilms undergo elastic followed by
plastic deformation. For instance, the nanofilm
tensioned along the [557] crystallographic direction
(thick, solid black line in Fig. 2) elongates elasti-
cally up to the strain 

1
 and stress 

1
 which corre-

sponds to the nanofilm ultimate strength. Note that
due to the nonlinearity of the interatomic potentials,
for 

xx
>0.05 elastic response of the nanofilm is

nonlinear. Analogously, elasticity limit 
1
 can be

specified for the other nanofilms. The plastic defor-
mation starts with a nucleation of first dislocations
at 

1
. Due to initial defect-free structure, the NiAl

nanofilms demonstrate very high stresses 
1
 in com-

parison with conventional bulk materials and this is
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typical for defect-free metallic nanomaterials [43].
The plastic deformation of the nanofilms occurs up
to the strain 

2
 (see Fig. 2) followed by their failure.

It is clearly seen that the stress-strain relations of
the nanofilms depend on their crystallographic
orientations with respect to the loading direction. In
Table 1, values of 

1
, 

1
, and 

2
 for the nanofilms with

different orientations are shown. The highest ulti-
mate stress of 

1
=9.9 GPa and the strain to failure

of 
2
=0.27 are observed for the tension along [559]

crystallographic direction. The lowest ultimate stress
of 

1
=7.0 GPa is for the elongation along [554], while

the lowest ductility of 
2
=0.15 for [55 11].

Structure of nanofilms at different strain levels is
analyzed and discussed in Section 4.

4. DISCUSSION

It is well-known that the dislocation sliding occurs
first in a slip system having the highest Schmid fac-
tor, closest to 0.5. Pure bcc metals have many slip
systems, but in ordered alloys with the B2 super-
structure some of them do not operate because the
dislocation sliding in such systems is accompa-

Fig. 2. Stress-strain curves for NiAl nanofilms un-
der uniaxial tension along various crystallographic
directions. For the case of [557] loading direction,
ultimate stress 

1
, corresponding strain 

1
 and strain

to failure 
2
 are shown.

[554] [111] [557] [559] [55 11]


1
, GPa 7.0 7.8 9.2 9.9 8.5


1

0.086 0.095 0.108 0.133 0.126


2
0.19 0.20 0.25 0.27 0.15

Table 1. Ultimate stress 
1
, corresponding strain 

1
 and strain to failure 

2
 vs loading direction of NiAl

nanofilms.

Fig. 3. The Schmid factor for the slip system
[001](110) vs loading direction of nanofilms.

nied by formation of antiphase boundaries, i.e., dis-
turbs ordered structure and therefore increases such
way the overall energy of the material. According to
this criterion, the main slip system in the B2-or-
dered NiAl is [001](110) [47]. Fig. 3 shows the
Schmid factor of this system for different loading
directions. The Schmid factor is calculated as
coscos, where  and  are angles between the
loading direction considered and the sliding plane
(110) and the sliding direction [001], respectively.

Among all the crystallographic orientations, the
maximum Schmid factor of 0.5 for the [001](110)
slip system is observed upon tension of the nanofilms
along the [557] direction, while the minimum value
of 0.428 for [554]. From the data shown in Fig. 3,
the [001](110) slip system is best activated in the
case of tension along the [557] crystallographic
direction.

In Fig. 4, the atomic structure of the nanofilm
elongated by 

xx
=0.115 along the [557]

crystallographic direction is shown. Steps at the free
surfaces appear as a result of the dislocation slid-
ing in the material. Edge dislocations of the
[001](110) slip system are depicted by symbol “”.
The absence of the other types of lattice defects
indicates that the deformation occurs solely by the
dislocation sliding mechanism. The nanofilm under-



30 K.A. Krylova, R.I. Babicheva, K. Zhou, A.M. Bubenchikov, E.G. Ekomasov and S.V. Dmitriev

goes failure at 
xx
=0.25 along the dislocation sliding

direction.
The nanofilms subjected to tension along the [111]

and [554] directions are shown in Figs. 5 and 6,
respectively. It is seen that in both cases, the defor-
mation occurs first through the dislocation sliding
in the [001](110) slip system followed by twinning.
Edge dislocations are depicted by symbol “” (Figs.
5a and 6a). For tension along the [111] and [554]
directions, a twin formation can be observed at


xx
=0.16 and 

xx
=0.11, respectively (Figs. 5b and 6b,

where twin boundaries are indicated by white solid
lines). Analysis of a twin structure revealed that the
twin plane corresponds to (112) while its shear di-
rection is [111]. Note that new dislocations do not
nucleate after the twin formation and further defor-
mation of the nanofilms is only due to a growth of
the twins. It is observed that in these cases, failure
of the NiAl nanofilms occurs along the twin bounda-
ries.

Fig. 4. Computational cell of NiAl nanofilm at 
xx
=0.115 applied along the [557] crystallographic direction.

Steps on the surface are formed due to nucleation (at the surface) and sliding of dislocations in the [001](110)
slip system.

Fig. 5. Computational cells of NiAl nanofilms under tension along [111] at 
xx
=0.097  (a) and 

xx
=0.16 (b). In

(a) edge dislocations sliding in the [001](110) slip system are depicted by symbol “”. In (b), twin bounda-
ries are shown by white solid lines.

The deformation process for the nanofilm uniaxial
tension along the [559] and [55 11] crystallographic
directions is different from the previous two cases.
It is seen in Fig. 7 that the loading of the nanofilms
along these two directions leads to a transforma-
tion of the B2 phase into a new phase (NP). Due to
the relatively high Schmid factor for the [559] load-
ing direction (see Fig.3), the dislocation sliding can
be seen at early stages of the deformation (Fig. 7a).
Note that this mechanism starts to work only after
an appearance of the new phase. The dislocations
nucleate at the interphase boundaries, unlike all the
other cases for which the dislocations form at the
free surfaces of the nanofilms. The increase in strain
level is accompanied by the growth of a new phase
area. For the [55 11] loading direction, the edge dis-
locations are not seen (Fig. 7b), that can be ex-
plained by the low Schmid factor (see Fig. 3). Prob-
ably, this is the reason for a low plasticity of the
nanofilm when subjected to the extension along this
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direction (Fig. 2). Fracture of the nanofilms under
tension in the [559] and [55 11] directions occurs
along the interphase boundaries.

Fig. 8 shows an atomic structure of the area
framed in Fig. 7b. Note that the B2 phase and the
new phase are on the left bottom and on the right
top corners of this area, respectively. The same crys-
tal structure is shown in Figs. 8a and 8b after a rigid
rotation to reveal the atomic planes. The primitive
translational cell for the B2 phase in the form of a
cube is highlighted by the black square in Fig. 8a,
while that for the new phase is shown by a paral-
lelogram in Fig. 8b. The structure analysis of the
new phase revealed that it is the stress-induced
martensite. The original tetragonal unit cell of the

Fig. 6. Computational cells of NiAl nanofilms under tension along [554] at 
xx
=0.09 (a) and 

xx
=0.16 (b). In

(a) edge dislocations sliding in the [001](110) slip system are depicted by symbol “”. In (b), twin bounda-
ries are shown by white solid lines.

Fig. 7. Computational cells of NiAl nanofilms under tension along [559] (a) and [55 11] (b) at 
xx
=0.14.

Interphase boundaries between B2 and new phases (NP) are indicated by white solid lines. Nanofilm
structure in the framed area in (b) is further analyzed in Fig. 8.

B2 structure (Fig. 9a) transforms to the martensite
lattice having an angle 34° between the initial c
axis and the c’ axis as shown in Fig. 9b. Similar
phase transformation was observed in NiTi shape
memory alloys [48-53]. A formation of the martensite
phase in NiAl alloys was studied experimentally by
Chakravorty et al. [54,55] and via MD simulations of
the NiAl nanowire tension [56]. The modeling in the
latter case was performed by using the many-body
potential by Voter and Chen [57,58].

5. CONCLUSIONS

The deformation mechanisms and mechanical prop-
erties of the B2-ordered NiAl single crystal nanofilms
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subjected to the uniaxial tension when the loading
direction lies in the (10) plane and coincides with
the [554], [111], [557], [559] or [55 11]
crystallographic direction are studied. The only op-
erational slip system in all the cases is [001](110)
and the highest Schmid factor of 0.5 is realized for
the tension along [557] (Fig. 3). The deformation
mechanisms observed in the differently oriented
nanofilms are found to be strikingly different.

As expected, for the tension along the [557] axis
with the highest Schmid factor, the dislocation slid-
ing plays the dominant role (Fig. 4). A deviation of
the tensile direction toward smaller values of the
third Miller index ([554] and [555] = [111]) results in
a reduction of the contribution from the dislocation
sliding, especially for the tension along [554] with
the lowest Schmid factor among the considered
cases. The dislocation sliding observed for a rela-
tively small strain (

xx
<0.1), switches to the defor-

mation via the (112)[111] twinning at higher strain
(see Figs. 5 and 6). Similarly, the contribution from
the dislocation sliding decreases with the deviation
of the tensile direction from [557] toward larger val-

Fig. 8. Enlarged framed area in Fig. 7b. The same structure is shown in (a) and (b) after a rigid rotation to
reveal the atomic planes. Primitive translational cell for the B2 phase is shown in (a) and that of the new
phase in (b). The cell in (a) contains two atoms, while in (b) four atoms.

(a) (b)

Fig. 9. (a) Original tetragonal unit cell of the cubic B2 structure (replotted data from [48]) and (b) the
structure of the martensite phase formed during tension of NiAl nanofilms along the [559] and [55 11]
crystallographic directions.

ues of the third Miller index ([559] and [55 11]). The
difference is that not the twinning but the martensite
transformation takes place at relatively high elon-
gation strains (Fig. 7).

The crystallographic orientation dependence of
the mechanical properties of the nanofilms can be
related to the operating deformation mechanisms.
The films extended along the [557] and [559] direc-
tions exhibit the highest strength and ductility (Fig.
2 and Table 1). Recall that for these samples the
Schmid factor is higher than for the other nanofilms
(Fig. 3). The ease of the dislocation sliding in the
nanofilms extended along the [557] and [559] direc-
tions is the reason for a more homogeneous plastic
deformation in comparison with the other cases.
Suppression of the dislocation sliding results in the
appearance of either twins or martensite phase,
which makes the deformation highly
nonhomogeneous and results in a relatively early
failure of the nanofilms along the interface bounda-
ries.

The results presented here differ significantly from
those obtained in our previous studies [38-43] where
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tension of NiAl nanofilms along the [100] direction
was considered and a nonhomogeneous elastic
strain up to 0.35 was revealed.

Note that the intermetallic compounds possess
fewer number of operational slip systems in com-
parison with pure metals, and this is the explana-
tion why the effect of crystallographic orientation of
intermetallic nanofilms and nanowires on their plas-
ticity should be more pronounced than for pure
metals or disordered alloys.

Summing up, the results of the current study
demonstrate that crystallographic orientation is a
very important parameter controlling the plastic de-
formation mechanisms and mechanical properties,
especially for intermetallic nanofilms and nanowires.
Optimizing the crystallographic orientation of
intermetallic nanomaterials with respect to a load-
ing direction one can further improve their strength
and ductility.
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