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Abstract. Theoretical models are reviewed which describe misfit defect structures at interfaces
(intergrain and interphase boundaries) in nanostructured and polycrystalline films. The specific
structural and behavioral features of interfaces in nanostructured and polycrystalline films are
discussed which influence the macroscopic properties of such films. The special attention is paid
to theoretical models describing partial misfit dislocation structures, misfit disclinations, misfit
dislocation walls, grain boundary dislocations as misfit defects, and partly incoherent interphase
boundaries in nanostructured and polycrystalline films. Also, the effects of misfit strains on phase
transformations in multilayer composites as well as the behavior of nano-islands on composite
substrates are considered. Theoretical models are reviewed which describe the structure and
transport properties of grain boundaries in high-Tc superconducting polycrystalline films.
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1. INTRODUCTION
Nanostructured and polycrystalline films exhibit
outstanding physical, mechanical and chemical
properties which are widely exploited in contemporary high technologies; see, e.g., [1-9]. The outstanding properties of nanostructured and polycrystalline
films essentially depend on both the structure and
the properties of internal interfaces, that is, intergrain
and interphase boundaries. In particular, interfaces
play the crucial role in processes occuring in
nanocrystalline films where the volume fraction of
the interfacial phase ranges from 10 to 50 %.
The structure and the properties of interfaces
in nanostructured and polycrystalline films are
strongly influenced by technological parameters of
synthesis of such films. At the same time, interfaces serve as carriers of many physical and chemical processes occuring in nanostructured and polycrystalline films, in which case the macroscopic
properties of films, in many respects, are caused
by the behavior of interfaces. In these circumstances, in order to technologically control and improve the functional characteristics of nanostructured and polycrystalline films, it is important to
understand the behavior of interfaces in films.
In description and controlling of the contribution
of interfaces to the properties of nanostructured and
polycrystalline films, of special interest are theoretical models of the interfacial structures. Modelling of the interfacial structures, in fact, serves as a
very important constituent in description of the relationship between synthesis technologies, structure
and properties of films. Models of interfaces include,
in particular, computer, geometric and continuum
models. So, computer models concentrate on simulations of the atomic structure of interfaces. Geometric models of solid/solid interfaces are concerned
with their translational and rotational symmetries,
in which case interfacial defects are treated as local violations of these symmetries. Continuum models use results of geometric and/or computer models in description of interfaces and interfacial defects as sources of internal stress fields, contributing to structural stability, mechanical, transport and
other properties of films. Continuum models, in fact,
provide a link between descriptions of the structure
of interfaces and their properties. This review deals
with geometric and continuum models describing
the specific structural and behavioral peculiarities
of interfaces in nanostructured and polycrystalline
films. In doing so, the special attention is paid to a
theoretical description of misfit defects (generated
at interfaces) as defects causing partial relaxation
of misfit stresses in films.
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2. SPECIFIC FEATURES OF INTERFACES
IN NANOSTRUCTURED AND
POLYCRYSTALLINE FILMS
In general, nanostructured films deposited on substrates can be divided into the following basic categories, depending on both their structure and the
shape of the crystallites: nanocrystalline films composed of equaxed nm-sized crystallites (nano-grains)
(Fig. 1a), films composed of rod-shaped crystallites
with rod diameters in the order of a few nm (Fig.
1b), layer-shaped films with thickness in the order
of a few nm (Fig. 1c), island films composed of
equaxed nm-sized islands (Fig. 1d), island films
composed of rod-shaped islands with rod diameters
in the order of a few nm (Fig. 1e), equaxed nmsized particles embedded into a thick layer-shaped
matrix (Fig. 1f), nm-sized rods embedded into a
thick layer-shaped matrix (Fig. 1g), and nano-sized
layers embedded into a thick layer-shaped matrix
(Fig. 1h). In this paper we will focus our consideration on the three classes of nanostructured films,
that are most widespread in both fundamental researches and technological applications. These are
nanocrystalline films composed of nano-grains (Fig.
1a), layer-shaped films of nano-scaled thickness
(Fig. 1c) and island films composed of equaxed nanosized islands (Fig. 1d), which, hereinafter, will be
denoted as nanocrystalline films, nano-layers and
nano-islands, respectively, for ease of reference.
Nanocrystalline films. Nanocrystalline films (Fig.
1a) can be treated as polycrystalline films in the
limiting case, where the grain size is in the order of
a few nm. With this taken into consideration,
nanocrystalline films have the «conventional» structural and behavioral features that are inherent to both
nanocrystalline and polycrystalline films as well as
the “specific” structural and behavioral features associated with their nano-scaled spatial organization.
The existence of both grain boundaries and film/
substrate boundaries causes the “conventional” features of nanocrystalline and polycrystalline films,
that are as follows: (A) There is a strong elastic
interaction between grain boundaries in a
nanocrystalline (or polycrystalline) film and the film/
substrate interface which is a source of misfit
stresses. (B) Film/substrate interfaces are
complicately arranged; each interface consists of
fragments with various structures and properties,
bounded by junctions of grain boundaries and the
film/substrate interface. Due to the features (A) and
(B), grain boundaries and film/substrate interfaces
affect both the structure and the properties of each
other in nanocrystalline and polycrystalline films.
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Fig. 1. Classes of nanostructured films. (a) Nanocrystalline films composed of equaxed nano-grains.
(b) Films composed of nano-rods. (c) Nano-layers. (d) Equaxed nano-islands. (e) Nano-rod-shaped
islands. (f) Nano-particles, (g) nano-rods and (h) nano-layers embedded into a thick layer-shaped
matrix.

In addition, interfaces in nanocrystalline films
have the following “specific” features related to their
nano-scaled structure:
(1) The volume fraction of the interfacial phase is
extremely high in nanocrystalline films.
(2) Grain boundaries as structural elements mostly
have extremely short dimensions in
nanocrystalline films.
(3) There is a strong elastic interaction between
neighbouring interfaces, because (extremely
short) distances between them are close to the
characteristic scales of their stress fields.

(4) In nanocrystalline films there is a strong effect
of triple junctions and nanograins on interfaces
and vice versa, because the volume fraction of
triple junctions is extremely high in
nanocrystalline solids and because nanograins
commonly are more distorted than conventional
grains in polycrystalline films.
(5) Formation of nanostructured films frequently
occurs at highly non-equilibrium conditions that
essentially influence the interfacial structures.*

* The same features are inherent also to bulk nanocrystalline materials
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Fig. 2. Interphase boundaries between single
crystalline films and substrates. (a) Origin of
misfit stresses is the geometric mismatch between
crystal lattice parameters, a1 and a2, of substrate
and film, respectively. (b) Coherent boundary. (c)
Semi-coherent boundary. (d) Incoherent interphase
boundary.

The points under discussion should be definitely
taken into account in theoretical models of the interfacial structures in nanocrystalline and polycrystalline films, which, in most cases, can not be
unambigiously identified with the help of contemporary experimental methods. In next sections we will
consider several models of interfaces in
nanocrystalline and polycrystalline films with focusing to the specific structural and behavioral features
of interfacial misfit defects (see sections 3-9).
Nano-layers. In fact, there is just one specific structural feature of nano-layers which is responsible for
their behavioral peculiarities. It is nano-scaled thickness that causes, in particular, the strong effects of
the film/substrate interface and the film free surface
on the behavior of a film (nano-layer). In this review we
will discuss models describing the formation of partial
misfit dislocations associated with stacking faults in
nano-layers (see section 10) and misfit stresses and
their effects on phase transformations in nano-layered
composites (see sections 11, 12, 13 and 14).
Nano-islands. The basic specific features of
nano-islands (e.g., quantum dots), in particlular,
are as follows: (i) Tentatively equaxed nano-sized
shape of nano-islands causes the strong effects
of the island/substrate interface and the island free

surfaces on their behavior. In particular, spatial
positions, shape and characteristic sizes of nanoislands depend on the geometric mismatch at
the island/substrate interface. (ii) Mobility of nanoislands; they can move on a substrate. These features cause the effects of misfit defects (serving
as sources of stresses) at internal interphase
boundary in a composite substrate on spatial organization of ensembles of nano-islands deposited on the substrate [10]. We will discuss this
effect in section 15. Section 16 deals with interfaces in high-Tc superconducting films.

3. CLASSIFICATION OF INTERPHASE
BOUNDARIES BETWEEN
(CRYSTALLINE, POLYCRYSTALLINE,
NANOCRYSTALLINE) FILMS AND
SINGLE CRYSTALLINE SUBSTRATES
First, let us consider interphase boundaries between
single crystalline films and single crystalline substrates. In general, such interphase boundaries can
be coherent, incoherent or semi-coherent, depending on the structural and chemical features of the
matched phases as well as on external factors such
as temperature and the geometric sizes (e.g., thickness) of the matched crystalline samples. According to a qualitative description of the coherent, incoherent and semi-coherent states of interfaces, given
by Mobus et al [11], one can briefly determine these
states as follows. The key classifying factor is supposed to be the way in which the mismatch (geometric misfit) between the adjacent crystalline lattices (Fig. 2a) is accommodated. (i) For a coherent
interface between a thin film and thick substrate,
the mismatch is accommodated completely by
straining the lattice of the adjacent film (Fig. 2b). In
this event, misfit stresses (stresses occuring due
to the mismatch at interface) are characterized by
the spatial scale being the film thickness. (ii) For a
semi-coherent interface, localized misfit dislocations
(MDs) provide, at least, partial compensation of longrange misfit stresses(Fig. 2c) (for more details, see
book [12] and reviews [13-16]). (iii) A completely
incoherent interface can be treated as resulted from
a rigid contact of two crystalline lattices distorted
only at the contact regions (Fig. 2d). Incoherent interfaces do not induce long-range strains; there are
only short-range distortions occuring due to faults
in chemical binding at the interface. Such distortions are characterized by a spatial scale close to
interatomic distances in the adjacent phases.
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Fig. 3. Partly coherent, semi-coherent and
incoherent interphase boundary between
polycrystalline (or nanocrystalline) film and single
crystalline substrate.
Now let us turn to a classification of interphase
boundaries between nanocrystalline (or polycrystalline) films and single crystalline substrates. As
noted in section 2, any nanocrystalline (or polycrystalline) film/substrate interface consists of many fragments bounded by junctions of grain boundaries and
the interface. Grains of the film, that are adjacent to
the film/substrate interface, are misoriented relative
to each other and, generally speaking, relative to
the substrate. As a corollary, fragments of the film/
substrate boundary are characterized by the
misorientation and the misfit between the crystalline lattices of the film grains and the substrate.
Each fragment of the film/substrate interface is either coherent, incoherent or semi-coherent, depending on its misfit and misorientation parameters, the
structural and chemical features of the matched
grain and the substrate as well as on external factors such as temperature and the film thickness.
Thus, in general, the film/substrate interface is partly
coherent, semi-coherent and incoherent; it consists
of coherent, semi-coherent and incoherent fragments (Fig. 3). In this situation, the film/substrate
interface contains defects of the two types: misfit
defects (responsible for partial compensation of
misfit stresses generated due to mismatch between
the lattice parameters of the film and the substrate)
and misorientation defects (that provide
misorientation between the adjacent grains of the
film and the single crystalline substrate). More than
that, misfit defects can be generated not only at
film/substrate interfaces, but also at grain boundaries of the film. In next sections 4-8 we will consider geometric and continuum models of interphase
boundaries between nanocrystalline (or polycrystalline) films and single crystalline substrates with
focusing on misfit defects at film/substrate interfaces and grain boundaries in the film interiors.

λ

substrate

Fig. 4. Relaxation of misfit stresses via formation
of misfit dislocation walls. λ and p are the
interspacings between walls and dislocations in
a wall, respectively.

4. MISFIT DISLOCATION WALLS
(LOW-ANGLE BOUNDARIES) IN
SOLID FILMS
Misfit stresses occur in crystalline films due to the
geometric mismatch at interphase boundaries between crystalline lattices of films and substrates. In
most cases a partial relaxation of misfit stresses in
single crystalline films is realized via generation of
MDs that form dislocation rows in interphase boundary plane (Fig. 2c); see, e.g., experimental and theoretical works [11-40]. Generally speaking, the formation of MD rows at interphase boundaries is either desirable or disappointing, from an applications
viewpoint, depending on the roles of films and interphase boundaries in applications of heteroepitaxial
systems. So, if the properties of a film are exploited,
the formation of MD rows commonly is desirable as
it results in a (partial) compensation of misfit stresses
in the film. If the properties of an interphase boundary are exploited, the formation of MD rows commonly is undesirable, since the formed MD cores
violate the pre-existent ideal (coherent) structure of
the interphase boundary. In this section we, following [41], will consider an alternative physical
micromechanism for relaxation of misfit stresses
which results in a more “weak” violation of the ideal
(coherent) interphase boundary structure than the
“standard” formation of MD rows. This new
micromechanism is the formation of MD walls in
crystalline films. Such MD walls, in fact, are lowangle boundaries whose formation in a film is
caused by an influence of the interphase boundary.
That is, low-angle boundaries – MD walls – are
formed in response to the action of misfit stresses
generated at the interphase boundary. On the other
hand, the formation of low-angle boundaries
strongly influences the structure (and, therefore,
the properties) of the interphase boundary; the
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Fig. 5. Convergence of island films (schematically).
(a) Island films migrate towards each other. (b)
Island films converge, in which case a misfit
dislocation wall (a low-angle boundary) is formed.

density of MD cores that violate the ideal (coherent) structure of the interphase boundary is low
when MD walls are formed in the film. Dislocation
walls in crystals represent low-angle grain boundaries [42], in which case the formation of MD walls
in a film is attributed with the polycrystalline structure of the film.
Let us consider a model heteroepitaxial system
consisting of an elastically isotropic semi-infinite
crystalline substrate and an elastically isotropic thin
crystalline film with thickness h. For simplicity, hereinafter we confine our examination to the situation
with one-dimensional misfit characterized by misfit
parameter f = (a2 - a1)/a1 < 0, where a1 and a2 are the
crystal lattice parameters of the substrate and the
film, respectively. The shear stress G and the Poisson ratio ν are assumed to be identical for the substrate and the film.
Let us consider the model heteroepitaxial system in the situation with a coherent interphase
boundary. Owing to the geometric mismatch between crystalline lattices of the film and the substrate, the film is elastically uniformly distorted. It
is characterized by elastic strain ε = - f. Since f<0,
the corresponding misfit stresses are tensile in the
film.
The standard physical micromechanism for relaxation of misfit stresses is the formation of a row
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of MDs in the interphase boundary plane (Fig. 2c)
that induce compressive stress fields partly compensating the tensile misfit stresses (or, in other
words, partly accommodating the misfit f ) [12-16].
We think that an effective alternative to the standard micromechanism is the formation of walls of
MDs in the film (Fig. 4) that induce compressive
stress fields. Realization of either standard or alternative micromechanism for relaxation of misfit
stresses depends on kinetic factors (related to technologies of the film deposition on the substrate) and
the degree of misfit stress relaxation caused by such
micromechanisms.
Let us briefly discuss a situation where formation of MD walls is kinetically favourable. Regardless of values of the “equilibrium” parameters (critical thickness of a film, elastic energy density, etc.)
which characterize MD walls, their formation can
occur at non-equilibrium conditions in films resulted
from convergence of island films. Actually, misfit
stresses in an island film partly relax via slope of
edge surfaces of the island film (Fig. 5a). In these
circumstances, when two island films converge, their
contact edge surfaces are crystallographically
misoriented. As a corollary, the convergence process results in formation of a boundary with a lowangle crystallographic misorientation in the contact
area of the films (Fig. 5). That is, the convergence
of two island films leads to transformation of their
contact edge surfaces (being crystallographically
misoriented) into an interface, a low-angle grain
boundary (Fig. 5). At the same time, any low-angle
boundary in a crystal is represented as a wall of
dislocations [42]. In the discussed situation, a lowangle boundary in the film resulted from convergence
of two island films (Fig. 5) is naturally interpreted as
a wall of MDs.
Now let us turn to analysis of the “equilibrium”
characteristics of MD walls, specifying their contribution to misfit stress relaxation. In order to evaluate the degree of misfit stress relaxation in the situation with MD walls (Fig. 4), let us estimate the
elastic energy density W of a film with MD walls. In
doing so, for simplicity, we assume the following:
MD walls are periodically arranged with period λ
along the interphase boundary; MDs are edge dislocations of the 90° type, that is, edge dislocations
with a glide plane being perpendicular to the normal
to the interphase boundary plane; Burgers vectors
of MDs are identical and equal to b = a2; and distances between neighbouring MDs in dislocation
walls are identical and equal to p. Also, it should be
noted that MD walls are of finite extent, in which
case (in the spirit of the theory of disclinations, e.g.
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[43]) a stress field source of the disclination type
exists at the “internal” termination point of every
MD wall. In other words, disclinations exist at junctions of the MD walls and the interphase boundary
(Fig. 4). In these circumstances, in the first approximation (which corresponds to the Matthews approximation [44] for MD rows), the elastic energy
density W has the three basic constituents:

wall p≤102 b to 103 b) can often occur in such systems. With this taken into account, in terms of our
model we find with the help of calculations [43] the
proper elastic energy density of misfit disclinations,
whose periodic distribution along the interphase
boundary is characterized by linear density λ-1, as
follows:
Gω h
2

= W +W +W ,
f

d

w

(1)

=

d

f

where W is the proper elastic energy density of
the residual misfit (uncompensated by MDs), W w
and W d are respectively the energy densities of
MD walls and the disclinations associated with MD
walls.
Generally speaking, misfit disclinations provide
only a partial relaxation of misfit stresses, in which
case there is some residual elastic strain ε which
corresponds to the residual misfit stresses in the
film. The corresponding elastic energy density W f
is determined in the standard way [12-16] as follows:
2Gε h (1 + ν)
2

f

=

1− ν

.

(2)

In calculations of W d, we use results of calculations [43] that deal with the proper elastic energy of
a wedge disclination located near a free surface in
a semi-infinite solid. In doing so, for simplicity, we
restrict our consideration to the situation with the
film thickness h being lower than the distance λ
between neighboring MD walls and, as a corollary,
between neighbouring disclinations located at termination points of MD walls at the interphase boundary. Such a situation (h<λ) can often come into play
in real heteroepitaxial systems. Actually, MDs, in
general, provide only a partial accommodation of
the misfit f, in which case the residual strain is ε
=|f|-B/λ, where B denotes the Burgers vector sum
of MDs in one wall, and B/λ the part of the preexistent misfit f, which is accommodated by MDs.
The parameters of MD wall in our model (Fig. 4)
force the relationship B=hb/p, where h/p is the number of MDs in one wall. As a result, we have the
following relationship between h and λ:

2

4 π(1 − ν)λ

,

(4)

where the thickness h of the film plays the role as
distance between misfit disclinations and the free
surface of the film, and ω is the disclination power
(in our model, ω ≈ b/p <<1). It should be noted that
the elastic interaction between the disclinations is
negligibly small in the discussed situation (Fig. 4),
since the screening length h (distance between a
disclination and the free surface) for disclination
stress fields is lower than the interspacing λ between the disclinations (h < λ).
Let us estimate the energy density W w which
specifies MD walls (without taking into account the
contribution related to the disclinations, see above).
W w can be calculated with the help of (known in
the theory of dislocations, e.g. [42]) formula for the
energy density of an infinite dislocation wall as follows:
2

w

=

Gb h
4 π(1 − ν) pλ

(ln

R
r0

+ Z ).

(5)

Here R denotes the screening length for stress
fields of MDs composing a wall (R ≈ p), r0 the radius of a MD core (r0 ≈ a2), Z the factor taking into
account the contribution of a MD core to the elastic energy density (Z ≈ 1).
From (1), (2), (4) and (5) for characteristic values of R ≈ p, Z ≈ 1, ω ≈ b/p and r0 ≈ a2, we obtain
the following formula for the elastic energy density
of the film with MD walls:
≈ 2G

1+ ν
1− ν

ε h+
2

FG ln p + 1IJ + Gh b .
K 4π(1 − ν)λp
4 π(1 − ν) pλ H a
2

2

Gb h

2

(6)

2

λ=

hb
p(| f |− ε )

2

.

(3)

Since |f | - ε ≤ |f | and |f | ranges from 10-3 or 10-2 in
real heteroepitaxial systems, the situation with h<λ
(or, as it results from formula (3), the situation with
the distance between neighbouring MDs in a MD

From (3) and (6) one can find dependence W
(ε) whose minimum corresponds to the so-called
ε of the residual strain in the film.
equilibrium value ~
This value characterizes the elastically deformed
film with MD walls at equilibrium conditions. From
(3) and (6) it follows:
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~
ε=−

FG ln p + h + 1IJ .
K
16 π(1 + ν)h H a
p
b

(7)

2

Another important parameter of the film is its
critical thickness hc which, as with the situation with
MD rows (e.g., [12-16]), is defined as follows. For
the film with thickness h being higher (lower, respectively) than h c , the existence of misfit
disclinations is energetically preferable
(unpreferable, respectively) as compared to the coherent state of the interphase boundary. hc is deε substituted by – f, in which
rived from Eqn. 7 with ~
case we find

LM
N

bp ln
hc =

p
a2

OP
Q

+1

.

(8)

16 πf (1 + ν) p − b

Let us consider the two situations: the situation
with a film containing walls of MDs (Fig. 4) and the
situation with a film containing a row of MDs (Fig.
2c), both are characterized by the same averaged
MD density. For characteristic values of h/p > 1,
the elastic energy W of the film with MD walls, given
by formula (6) (with (3) taken into account) is larger
than the energy density W * of the film with a row of
MDs, given by Matthews formula (e.g., [12,44]):
* = 2G

1+ ν
1− ν

ε h+
2

FG ln h + 1IJ .
K
4 π(1 − ν) H a

Gb(| f |− ε )

(9)

2

For a quantitative characterization of the difference
between elastic energy densities of MD rows (Fig.
2c) and MD walls (Fig. 4), let us estimate the characteristic ratio r =(W -W*)/W* defined by the following formula which entails from formulae (5), (6) and
(9):

LM h − ln h OP
Np pQ
r =
L h + 1OP .
8 π(1 + ν)ε h + b(| f |− ε ) Mln
Na Q
b(| f |− ε )
2

(10)

2

At the initial stage of formation of MD structures
(Figs. 2c and 4), values of |f |-ε are small, in which
case r is small. So, for characteristic values of |f |-ε
≈ 10-3|f |, ε ≈ |f | ≈ 10-3 to 10-2, h/p ≈ 3 to 10, h ≈ (102
to 103)a2, b ≈ a2, ν ≈ 1/3, from formula (10) we find
that the characteristic ratio r ranges from 7.10-6 to
2.5.10-3. At the late stages of evolution of MD structures (Fig. 1a and b), values of |f |-ε are of the same
order as |f |, in which case r is comparatively large. So,
for characteristic values of |f |-ε ≈ |f | and ε ≈ 10-3 |f |, and

the above values of other parameters (|f |, h/p, h, b
and ν), from formula (10) we obtain that r ranges
from 0.25 to 1.5.
Our estimations of r indicate that MD rows (Fig.
2b) in films, from an energetic viewpoint, are more
equilibrium (more stable) misfit defect configurations
than MD walls (Fig. 4). This conclusion is supported
by numerous experimental observations of MD rows
at interphase boundaries in heteroepitaxial systems,
e.g. [12-16]. At the same time, the difference between energy densities of MD rows (Fig. 1a) and
MD walls (Fig. 4) at the initial stage of their formation in a film is small (r << 1), in which case MD
wall can be formed due to some kinetic factors.
If MD walls are formed, they exist as metastable
misfit defect configurations in films. Actually, the
movement of a dislocation (in our case, a MD) from
a dislocation wall (in our case, a MD wall) into an
adjacent crystalline region needs to overcome an
energetic barrier [42]. In other words, in order to
remove MD from a MD wall and to place this MD on
the interphase boundary far from the wall or, in the
general situation, in order to transform a MD wall
(Fig. 4) into a MD row (Fig. 2c), energetic barriers
have to be overcome.
In these circumstances, MD walls in films (Fig.
4) are metastable configurations, since W > W*.
The formation of such metastable MD walls can
occur at non-equilibrium conditions, for example, in
films resulting from convergence of island films (Fig.
5). This serves as a natural explanation of experimental data [45] indicative of the fact that special
interfaces (different from high-angle grain boundaries)
are formed in films resulting from convergence of
island films.
Also, in general, MD walls are capable of being
formed, for kinetic reasons, in films with threading
dislocations which (by definition [12,13]) are extended from “parent” dislocations entering from the
substrate to the interphase boundary. For instance,
a MD wall can be formed due to kinetically favourable
re-arrangement of several dislocations being extensions of neighbouring threading dislocations (with
the same Burgers vectors) that enter to the interphase boundary in some local region (Fig. 6). In
other words, for kinetic reasons related to high local density of the parent dislocations, a “beam” of
threading dislocations can be extended into a MD
wall (“instead of equilibrium” planar row of MDs in
the interphase boundary) in the film (Fig. 6).
In general, MD walls can be formed also at equilibrium conditions, for instance, in multilayer films
consisting of alternate layers. In this situation, the
misfit stress distribution, and energetic character-

$'

Interfaces and misfit defects in nanostructured and polycrystalline films

film
substrate

film
substrate

Fig. 6. Arrangement of threading dislocations
into misfit dislocation wall.

Fig. 7. Grain boundary dislocations as misfit
defects in nanocrystalline (or polycrystalline) film.

istics of MD walls are different from those in the
situation with single-layer films, and, therefore, MD
walls can be stable – energetically favourable – in
multilayer films at some values of their parameters
(for details, see section 14).
Thus the discussed physical micromechanism
for relaxation of misfit stresses – generation of MD
walls (Fig. 4) – is an effective alternative to the standard micromechanism – generation of MD rows (Fig.
2c) – in films resulting from convergence of island
films. MD walls provide a more “weak” violation of
the ideal (coherent) interphase boundary structure,
in which case the formation of MD walls is more
preferable, from an application viewpoint, than that
of MD rows in heteroepitaxial systems with interphase boundaries used as functional elements in
applications.

fragments of interphase boundaries and, therefore,
does not lead to degradation of their functional properties used in applications. In this section we, following [46], will discuss the behavioral peculiarities of nanocrystalline and polycrystalline films with
grain boundary dislocations as misfit defects.
First, let us discuss a scenario for the formation of grain boundary dislocations as misfit defects
in nanocrystalline films. Nanocrystalline films are
often synthesized at highly non-equilibrium conditions, in which case grain boundaries in these films
are highly distorted and are characterized by
misorientation parameters which, in general, vary
along grain boundary planes. Each distorted boundary contains both the so-called “equilibrium” grain
boundary dislocations (which provide the mean
misorientation characterizing the boundary) and
“non-equilibrium” grain boundary dislocations (which
provide local deviations of the distorted boundary
misorientation from its mean value) (Fig. 8) [47, 48].
“Non-equilibrium” dislocations in a grain boundary,
after some relaxation period, disappear via entering
to a free surface of a sample and/or via annihilation
of dislocations with opposite Burgers vectors (Fig.
8a). As a result of the relaxation processes discussed, a distorted grain boundary commonly transforms into its equilibrium state with the
misorientation being (tentatively) constant along the
boundary plane.
However, the relaxation processes result in complete disappearance of “non-equilibrium” grain
boundary dislocations in materials with initially distorted grain boundaries, only if there are not sources
of long-range stresses affecting the grain boundary
phase evolution (Fig. 8a). In nanocrystalline films
with initially distorted grain boundaries the misfit
stresses (generated at film/substrate interfaces)
influence evolution of “non-equilibrium” dislocations.
More precisely, we expect that the low-energy (equilibrium) state of a nanocrystalline film corresponds
to the existence of not only “equilibrium” grain boundary dislocations, but also some residual “non-equilibrium” grain boundary dislocations that play the
role as misfit defects (Figs. 7 and 8b) compensating for misfit stresses in the film. In other words, in

5. GRAIN BOUNDARY DISLOCATIONS
AS MISFIT DEFECTS IN
NANOCRYSTALLINE AND
POLYCRYSTALLINE FILMS
The structure and the properties of nanocrystalline
films are different from those of single crystalline
films. Therefore, relaxation of misfit stresses in
nanocrystalline films, in general, can occur via
micromechanisms that are different from the standard micromechanism - the formation of rows of perfect misfit dislocations (Fig. 2c) – that commonly is
realized in conventional single crystalline films. In
particular, we think that, due to the existence of
grain boundaries in nanocrystalline films, an effective alternative to the standard physical micromechanism for relaxation of misfit stresses in such
films is the formation of grain boundary dislocations
as misfit defects. These grain boundary dislocations
(with Burgers vectors being displacement-shift-complete lattice vectors which characterize grain boundary translation symmetries) induce stress fields that
compensate for, in part, misfit stresses and are located at grain boundaries and triple junctions of interphase and grain boundaries (Fig. 7). The formation of grain boundary dislocations as misfit defects
does not induce any extra violations of coherent
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(a)

(b)
Fig. 8. Equilibrium and non-equilibrium
dislocations (shown as open and solid dislocation
signs, respectively) in distorted and low-energy
grain boundaries. (a) Non-equilibrium dislocations
completely disappear after relaxation. (b) Some
non-equilibrium dislocations keep existing as
misfit defects (compensating for misfit stresses
generated at interphase boundary shown as dotted
line) after relaxation.

the framework of the scenario discussed, synthesis of nanocrystalline films at non-equilibrium conditions produces high-density ensembles of “nonequilibrium” grain boundary dislocations, while misfit stresses generated at interphase (film/substrate)
boundaries cause some “non-equilibrium” grain
boundary dislocations to keep existing, even after
relaxation, as misfit defects compensating for these
misfit stresses (Fig. 8b).
In general, the most spatially homogeneous distribution of misfit dislocations is characterized by
the minimal elastic energy density and, therefore,
is most stable. Grain boundary dislocations commonly are characterized by Burgers vectors being
essentially lower than those of perfect misfit dislocations being crystal lattice dislocations. This specific feature allows grain boundary dislocations to
be more homogeneously distributed along an interphase boundary as compared with perfect misfit
dislocations, if the sum Burgers vectors of ensembles of misfit, grain boundary and perfect, dislocations are the same per unit of the boundary plane
area. As a corollary, we expect that the existence
of grain boundary dislocations as misfit dislocations
often is more energetically favourable than that of
perfect misfit dislocations. For more details, below

we will analyze energetic characteristics of misfit
grain boundary dislocations and compare them with
those of perfect misfit dislocations.
To investigate the quantitative difference in the
energetics of the formation of perfect and grain
boundary misfit dislocations, we shall examine a
simple model – a thin, elastically isotropic,
nanocrystalline film of thickness h on a semifinite,
elastically isotropic substrate. We shall assume the
elastic constants, the shear modulus G and the
Poisson ratio ν, to be the same for the film and the
substrate. Crystalline lattices of the substrate and
the film are supposed to be cubic ones with the
lattice parameters, a1 and a2, respectively. Grains
of the film are assumed to be identical cubes with
the grain size l.
Any real interface between a nanocrystalline or
polycrystalline film and a single crystalline substrate
consists of many fragments each dividing the substrate and a grain of the film (Fig. 3). Different fragments of the interface are characterized by different
misorientation parameters, in which case the interface serves as a source of spatially inhomogeneous
stress fields associated with a spatially inhomogeneous distribution of its misorientation along the
interface plane. In general, some fragments of the
interface can be incoherent due to their “unfavourable” misorientation destroying the coherency of the
interface [46]. The main subject of this section –
relaxation of misfit stresses via generation of grain
boundary dislocations – is related to the role of interfaces as spatially homogeneous sources of misfit stresses generated due to the geometric mismatch between lattice parameters of the adjacent
crystalline phases. With this taken into account, in
order to distinguish the effects associated with misfit
stresses, here we will not consider any aspects
related to spatially inhomogeneous distributions of
misorientation that characterize interfaces between
nanocrystalline or polycrystalline films and single
crystalline substrates. In doing so, in this section
we will focus our consideration on a model of interface as a semi-coherent interface which induces
misfit stresses and contains periodic (with period l)
orthogonal rows of misfit dislocations with small
Burgers vectors b, that is, vectors belonging to displacement-shift-complete lattices of grain boundaries
(Fig. 9).
The pre-existent coherent (misfit-dislocation-free)
state of the system is characterized by elastic strain
ε0= -f, where f = (a2 - a1)/a1 > 0 is the two-dimensional misfit between the crystalline lattices of the
substrate and the film. The density of the elastic
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taking account of their interaction with the free surface of the film and with one another; cd =Gb2/
[2π(1-ν)l ] is the energy density of the cores of grain
boundary misfit dislocations; intfd = -4Gfb(h-b)(1+ν)/
[(1-ν)l ] is the energy density of interaction of grain
boundary misfit dislocations with the elastic field of
the misfit.
With results [49] of calculations of the energy
density eld taken into consideration, we find the
following formula for W:
l

= 2G

4Gf

Fig. 9. Network of grain boundary misfit
dislocations at interphase boundary. l is the
grain size of nanocrystalline film.
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misfit self-energy (per unit area of the interface) is
given by the expression (e.g., [12-16]):
~f

= 2G

1+ ν
1− ν

2

f h.

(11)

As h increases to some critical value hc, relaxation
of the misfit f starts in the film by formation of an
orthogonal network of grain boundary misfit dislocations located at triple junctions of grain boundaries and the interphase boundary (Fig. 9). The system transforms into a semi-coherent state.
In the framework of our model, MDs are boundary dislocations which are located at interphase
boundary and form the regular dislocation network
(Fig. 9), that is, a regular square lattice characterized by period l, the distance between the
neighbouring parallel dislocations. In this situation,
the new, semi-coherent state is characterized by
residual uniform elastic strain ε = -(f - εd) < 0, where
εd = b/l is part of the misfit accommodated by the
formation of grain boundary misfit dislocations each
being characterized by Burgers vector b (supposed
to be the same for all the dislocations). The total
energy density of the system in the semi-coherent
state can be written in the form (by analogy with the
calculation [49] of the energy desit of partial misfit
dislocations):
= W + Wel + Wc + W int ,
f

d

d

fd

(12)

where eld is the elastic energy density of grain
boundary misfit dislocations, which is obtained by

1

1

Here C1 = cosh[2π b(2h/b-1)/l ], C2 = cosh[2π b/l ],
C3 = cosh[2π h/l ], S1 = sinh[2π b(2h/b-1)/l ], S2 =
sinh[2π b/l ], S3 = sinh[2π h/l ].
Now let us consider two situations: the situation with a nanocrystalline film/substrate system
containing a regular network of grain boundary
misfit dislocations (Fig. 9) and the situation with a
single crystalline film/substrate system containing
a regular network of perfect misfit dislocations
(each being characterized by Burgers vector B) with
the distance between neighbouring parallel dislocations being L; they are specified by the same
averaged density of misfit dislocations, that is, b/l
= B/L. The total elastic energy density W* of the
system with perfect misfit dislocations is given by
formula (13) with b and l being replaced by B and
L, respectively. In these circumstances, the difference between the elastic energy densities of the
systems with grain boundary misfit dislocations
(Fig. 9) and perfect misfit dislocations is quantitatively characterized by ratio
r =

W * −W
W

,

(14)

where W and W* are given by formula (13) with
corresponding values of the Burgers vector magnitude (b and B, respectively) and the distance between neighbouring parallel dislocations (l and L,
respectively). The dependencies of r on the misfit
parameter f are shown in Fig. 10 which are nu-
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Fig. 11. Grain boundary dislocations and their
dipoles as misfit defect configurations in
nanocrystalline film.
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Fig. 10. Dependences of r on misfit parameter f,
for (a) h=100 nm and (b) h=500 nm. Solid
curves correspond to l = 5 nm, and dashed
curves to l = 15 nm.

merically calculated with the help of formulae (13)
and (14), for the following values of parameters:
ν = 0.3; h = 100 nm and 500 nm; B = 0.4 nm; b =
0.04 nm; l = 5 nm and 15 nm and L = 50 nm and
150 nm, respectively.
The dependences r(f) shown in Fig. 10 allow us
to conclude that the generation of grain boundary
misfit dislocations at interphase boundaries between
nanocrystalline films and single crystalline substrates (Fig. 9) is more energetically favourable and,
therefore, more effective in relaxation of misfit
stresses than the generation of perfect misfit dislocations in wide ranges of the parameters of film/
substrate systems. This conclusion which entails
from our theoretical analysis is supported by data
of experiments dealing with measurements of residual stresses in nanocrystalline films and coatings. So, as noted in paper [50], residual stresses
are low in nanocrystalline cermet coatings (synthesized by thermal spray methods at highly non-equilibrium conditions), resulting in a capability for pro-

ducing very thick coatings. So, nanocrystalline coatings were fabricated up to 0.65 cm thick and could
probably be made with arbitrary thickness [50]. At
the same time, in a conventional polycrystalline cermet coating, stress buildup limits coating thickness
to typically 500-800 µm. This is naturally explained
as the fact caused by a misfit stress relaxation
micromechanism (in our model, the formation of grain
boundary misfit dislocations) which comes into play
in namely nanocrystalline films and coatings, and
is different from and more effective than the standard micromechanism, the formation of perfect misfit
dislocations.
We have considered the role of grain boundary
dislocations with identical Burgers vectors as misfit
defects in nanocrystalline films. However, in general, grain boundary dislocations with various Burgers
vectors are generated in real nanocrystalline films
fabricated at highly non-equilibrium conditions. As
with ensembles of dislocations with identical Burgers
vectors (Fig. 7), configurations of dislocations with
various Burgers vectors are capable of effectively
contributing to accommodation of misfit stresses in
nanocrystalline films. In particular, dislocation dipoles (Fig. 11) can play the role of misfit defect configurations in nanocrystalline films [51]. This statement is indirectly supported by the experimentally
detected fact that misfit dislocation dipoles exist in
a single crystalline GaInP film deposited onto a GaAs
substrate [52]. Also, dislocation dipoles are recognized as typical misfit defect configurations in capped
single crystalline films [53].
The scenario for the formation of dipoles of grain
boundary dislocations as misfit defects in
nanocrystalline films fabricated at highly non-equilibrium is the same as for the formation of isolated
grain boundary dislocations as misfit defects. That
is, the dislocation dipoles are typical elements of
ensemble of non-equilibrium grain boundary dislocations in as-synthesized nanocrystalline films. The
evolution of dislocation dipoles in nanocrystalline
films is strongly influenced by misfit stresses. For
instance, let us consider the dipoles consisting of
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Fig. 12. Evolution and annihilation of dislocation
dipoles in nanocrystalline film.

non-equilibrium dislocations which are most sensitive to the action of misfit stresses. Such dislocations are characterized by Burgers vectors parallel
with the film/substrate boundary plane (Fig. 12). With
misfit stresses in the film assumed to be tensile,
the dislocations with positive (negative, respectively)
Burgers vectors accommodate (intensify, respectively) the misfit stresses and tend to move towards
the interphase boundary (the film free surface, respectively). This occurs due to the elastic interaction between the misfit stresses and the dislocations; for details, see [51].
The moving dislocations which belong to various dipole configurations interact and annihilate,
causing transformations of dislocation dipoles. For
illustration, let us consider evolution of the four dipoles, 1-2, 3-4, 5-6 and 7-8, in a grain boundary of
a nanocrystalline film (Fig. 12). The evolution occurs through the motion of the upper dislocations
of the dipoles towards the film free surface. In doing so, the upper dislocations meet the lower dislocations (with opposite Burgers vectors) belonging to their neighbouring dipole configurations, that
climb towards the film/substrate boundary. The dislocations with opposite Burgers vectors annihilate,
in which case the four dislocation dipoles, 1-2, 3-4,
5-6 and 7-8, transform into one dipole consisting
of dislocations 1 and 8 (Fig. 12). Thus, evolution of
dislocation dipoles in nanocrystalline films is naturally realized as their expansion accompanied by
absorption of neighbouring dislocation dipoles (Fig.
12). In general, the upper dislocation 8 of the dipole
(Fig. 12c) can reach the film free surface where it
diappears. This process results in transformation of
a dislocation dipole configuration into a single dislocation. The energetic conditions of expansion of
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dislocation dipoles and their transformations into
single dislocations have been considered in paper
[51].
Thus, generation of dislocation dipoles at grain
boundaries is an effective micromechanism for relaxation of misfit stresses in nanocrystalline films.
Both formation and evolution of dislocation dipoles
are capable of occuring via re-arrangement and annihilation of “non-equilibrium” grain boundary dislocations in nanocrystalline films fabricated at highly
non-equilibrium conditions. The dislocation dipoles
often are unstable relative to their transformations
into single dislocations and, therefore, exist in only
as-synthsized nanocrystalline films.

6. MISFIT DISCLINATIONS IN
NANOCRYSTALLINE AND
POLYCRYSTALLINE FILMS
Parallel with “non-equilibrium” dislocations, the socalled grain boundary disclinations (rotational defects) are generated in nanocrystalline and polycrystalline materials synthesized at highly non-equilibrium conditions [43,54-56]. Such disclinations, after some relaxation period, annihilate in the absence
of sources of long-range stresses affecting the grain
boundary phase evolution. In nanocrystalline and
polycrystalline films containing grain boundary
disclinations the misfit stresses (generated at film/
substrate interfaces) influence evolution of
disclinations. More precisely, in the general situation, the low-energy (equilibrium) state of a
nanocrystalline film is expected to correspond to
the existence of not only some residual “non-equilibrium” dislocations, but also some residual grain
boundary disclinations that play the role as misfit
defects (Fig. 13). In this section we, following [46,
57, 58], will briefly discuss the behavioral peculiarities of nanocrystalline and polycrystalline films with
grain boundary disclinations as misfit defects.
So, a new micromechanism for relaxation of
misfit stresses, namely the formation of misfit
disclinations (Fig. 13) [46, 57-61] is an alternative
to the formation of misfit dislocation rows (Fig. 2c).
The disclination micromechanism is theoretically
revealed as that capable of effectively contributing
to relaxation of misfit stresses in crystalline films
with twin boundaries (see models and experimental data [59, 60]), crystalline films deposited on
amorphous substrates [46, 57, 61] as well as
nanocrystalline and polycrystalline films (Fig. 13)
[46, 57, 58]. The disclination (rotational) mechanisms of misfit strain accommodation realized
through the formation of disclinations or disloca-
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Fig. 14. Model of interphase boundary with
misfit disclinations.
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Fig. 13. Grain boundary dislocations and
disclinations as misfit defects in nanocrystalline
film. (a) Mixed ensemble of grain boundary
dislocations and disclinations playing the role of
misfit defects. (b) Grain boundary disclinations
as misfit defects in nanocrystalline film.

tion walls have been observed experimentally [6266].
Owing to the presence of the grain boundary
phase in nanocrystalline and polycrystalline films,
namely grain boundary disclinations play the role
as misfit disclinations in such films (Fig. 13). The
specific feature of the disclination micromechanism
for relaxation of misfit stresses in nanocrystalline
and polycrystalline films is that cores of grain boundary disclinations playing the role as misfit defects
are located at existent grain boundaries (either at
boundaries in film interior or at junctions of interphase and grain boundaries) and, therefore, do not
induce any extra violations of the interphase boundary structure. The disclination micromechanism for
relaxation of misfit stresses is of particular importance in nanocrystalline films, because grain boundary disclinations are intensively generated in
nanocrystalline materials synthesized at highly nonequilibrium conditions (see, e.g., [54]) and because
the volume fraction of the grain boundary phase is
extremely high in nanocrystalline films.
Any real interface between a nanocrystalline or
polycrystalline film and a single crystalline substrate
consists of many fragments each dividing the substrate and a grain of the film (Fig. 3). Different fragments of the interface are characterized by different
misorientation parameters, in which case the interface serves as a source of spatially inhomogeneous
stress fields associated with a spatially inhomogeneous distribution of its misorientation along
the interface plane. In general, some fragments of

the interface can be incoherent due to their
“unfavourable” misorientation destroying the coherency of the interface [46]. The main subject of this
section – the disclination micromechanism for relaxation of misfit stresses – is related to the role of
interfaces as spatially homogeneous sources of
misfit stresses generated due to the geometric mismatch between lattice parameters of the adjacent
crystalline phases. With this taken into account, in
order to distinguish the effects associated with misfit
stresses, here we will not consider any aspects
related to spatially inhomogeneous distributions of
misorientation that characterize interfaces between
nanocrystalline or polycrystalline films and single
crystalline substrates. In doing so, in this section
we, following [57, 58], will focus our consideration
on a model of interface as a semi-coherent interface which induces misfit stresses and contains
misfit disclinations at junctions of grain boundaries
and the interface (Fig. 14). For simplicity, misfit
disclinations are assumed to be arranged periodically (Fig. 14) and to be characterized by identical
value, ω, of the disclination strength.
In the framework of the model discussed,
Kolesnikova et al [58] have calculated the basic
characteristics (stored elastic energy density, equilibrium residual strain, critical values of film thickness) of a film with misfit disclinations. According
to these calculations, the difference, ∆E = Ediscl Ecoher, between the energy densities of the interphase
boundary with misfit disclinations and the coherent
interphase boundary is as follows:
∆E =

G
2π(1 − ν)

FG h IJ − G ωfπ h ,
H l K 2π(1 − ν) l
2

ω lΦ
2

(15)

where h denotes the film thickness, l the distance
between neighbouring disclinations (or, in other
words, period of the misfit disclination array), G the
shear modulus, ν the Poisson ratio, f the misfit parameter (defined as f = |a2 - a1|/a2, with a1 and a2
being the crystal lattice parameters of the substrate
and the film, respectively), and
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Fig. 15. Dependences of energy difference ∆E
(in units of 2π(1-ν)/Gh) on film thickness h (in
units of l), for misfit parameter (a) f = 0.01, and
(b) f = 0.005. Curves 1, 2 and 3 correspond to
values of disclination strength ω = 0.01, 0.005
and 0.002, respectively.
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with h = h/ l. If ∆E < 0 (>0, respectively), the formation of misfit disclinations at the interphase
boundary (Fig. 14) is energetically favourable
(unfavourable, respectively).
From (15) it follows that the characteristic energy of difference ∆E depends on four parameters
of the film with misfit disclinations at the interphase
boundary: disclination strength ω, the misfit param-
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eter f, the film thickness h and the distance l between neighbouring disclinations. Analysis [58] of
the relationships (given by formula (15)) between
∆E, ω, f, h and l shows the following. The critical
thickness for generation of misfit disclinations in
nanocrystalline and polycrystalline films is 0, if
disclination strength ranges from 0 to some value
ω0 denoted as the optimum disclination strength.
More precisely, the formation of misfit disclinations
is more energetically favourable (∆E <0) than the
coherent state of the interphase boundary at any
value of the film thickness, below some value h0
denoted as the optimum thickness (Fig. 15). (It is
contrasted to the situation with “conventional” misfit dislocations (see, e.g., [12-16]) whose formation
in a thin film is energetically favourable compared
to the coherent state, only if the film thickness exceeds some critical value.) As a corollary, the new
micromechanism for relaxation of misfit stresses generation of misfit disclinations – serves as an effective alternative to the standard micromechanism
– generation of misfit dislocations – in polycrystalline and nanocrystalline films characterized by low
values of film thickness, in particular, in films with
nano-scaled thickness. The effective action of the
disclination micromecheanism for relaxation of misfit
stresses in nanocrystalline films can be responsible
for experimentally observed fact that residual
stresses are low in nanocrystalline cermet coatings
synthesized by thermal spray methods (see discussion in paper [50] and previous section).
In the framework of the model discussed here,
efficiency of misfit disclinations as defects causing
relaxation of misfit stresses decreases with film
thickness. Either the coherent state of interphase
boundary or the formation of (conventional or grain
boundary) misfit dislocations is more energetically
favourable than the formation of misfit disclinations
in films with thickness exceeding the optimum thickness discussed.
The micromechanism for relaxation of misfit
stresses, examined in this section, is based on the
concept of disclinations, which has been effectively
used also in theoretical description of glassy structures (e.g., [67, 68]), grain boundary structures [6972], solid state amorphizing transformations [73,
74], and plastic deformation processes in solids
(e.g., [43, 55, 56, 75-78]). In this context, the model
considered here, from a methodological viewpoint,
serves as one more example of the effective application of the disclination theory in materials science and solid state physics.
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7. MISFIT DISLOCATIONS AT
INTERFACES IN FILM/SUBSTRATE
COMPOSITES OF WIRE FORM
Intensive experimental and theoretical studies commonly deal with plate-like composite solids, e.g.
[12-16]. However, in parallel with plate-like composites, film/substrate composites of wire form are conventional functional elements used in contemporary
high technologies. In most cases films in such composites are polycrystalline. The cylindrical geometry of wire composites causes MDs in such composites to exhibit behavior which is, in general, different from commonly studied behavior of interfaces
in platelike composites. In this section we, following [79], will consider a first approximation model of
MDs in film/substrate composites of wire form and
theoretically analyze (by methods of elasticity theory
of defects in solids) the effect of geometric parameters of such composites on generation of MDs.
According to [79], a wire composite (consisting
of a wire substrate covered by either a thin or thick
film) is modeled as a composite cylinder with radius R2 and infinite length. The model cylinder is
composed of an internal cylinder (substrate) of radius R1<R2 and a film of thickness H = R2- R1, which
envelops the internal cylinder as shown in Fig. 16.
In the framework of the first approximation model,
we will not take into account the crystallography of
the adjacent film and substrate, in which case the
interphase (film/substrate) boundary is treated as a
surface of the internal cylinder (Fig. 16). (That is,
there are no facets at the interphase boundary). Also
the polycrystalline (or nanocrystalline) structure of
films in wire composites is not directly taken into
account in the model discussed. However, since
films in wire composite solids often are polycrystalline, we include this model into the list of models
dealing with polycrystalline films.
The film and substrate are assumed to be isotropic solids having the same values of the shear
modulus G and the same values of Poisson ratio ν.
The film/substrate boundary is characterized by the
misfit parameter
f =

2(a2 − a1 )
a2 + a1

,

(16)

where a1 and a2 are the crystall lattice parameters
of the substrate and the film, respectively.
Misfit stresses occur in film/substrate composite solids due to the geometric mismatch characterized by f at interphase boundaries between crystalline lattices of films and substrates. In most

Fig. 16. Misfit dislocations at the interphase
boundary in a model wire composite.

cases, a partial relaxation of the misfit stresses is
realized via generation of MDs; see, e.g, reviews
[13-16]. Let us consider MDs in the situation discussed (Fig. 16). Since the crystallography of the
adjacent film and substrate is not taken into account, MDs, if they are formed, are supposed to be
regularly distributed along the interphase boundary
at thermodynamic equilibrium (Fig. 16) and to have
Burgers vectors as shown in Fig. 16. In the framework of our model, MDs are of the edge type; their
lines are parallel with the axis of the composite cylinder (Fig. 16).
Let us analyze the conditions at which the generation of MDs at the interphase boundary is energetically favourable in a wire composite solid. The
same problem in the situation with two- and multilayer plate-like composites is commonly solved via
both a calculation of the elastic energy density of
MDs and its minimization with respect to the MD
ensemble density; see, e.g. [12-16]. Here we will
use the other calculation scheme suggested by
Gutkin and Romanov [32] for an analysis of MD
generation in a thin two-layer plate. This scheme is
based on a comparison of energetic characteristics
of two physical states realized in a composite solid,
namely the coherent state with MD-free interphase
boundary and the semi-coherent state with the interphase boundary containing one (“first”) MD, which
accommodates, in part, the misfit stresses. Thus,
the wire composite in the coherent (MD-free) state
is characterized by the total elastic energy (per unit
length of the composite) being equal to the misfit
strain energy W f related to misfitting at the interphase boundary only. When one (first) MD is generated at the interphase boundary in the wire composite, its total energy W consists of the four terms:
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= W +W +W +W
f

d

c

int

,

(17)

where W d denotes the elastic energy of the MD, W c
the energy of the MD core, and W int the elastic
energy associated with the elastic interaction between the MD and the misfit stresses. The generation of the first MD is energetically favourable, if it
leads to a decrease of the total energy, that is, if
W-W f<0. With formula (17) taken into account, we
come to the following criterion for the generation of
the first MD to be energetically favourable:
d

+W +W
c

int

< 0.

(18)

In the framework of the model discussed, Gutkin et
al [79] have calculated the ranges of values of wire
composite parameters (wire substrate radius R1, film
thickness H, and misfit parameter f) at which inequality (18) is valid. According to these calculations, there is the following criterion for the generation of MDs in a wire composite to be energetically
favourable:
f > fc (R1, H ),
where

the relationship R1/H << 1. So, the generation
of MDs is energetically favourable, if

F
H

(19)

H < b exp 4 π(1 + ν)f

fc (R1, H ) =

FG1 + h(h − 2)(h − r )(h − 2 − r )[2h(h − 2 − r ) − 1 + 2r ]
H
2[ h − ( 2 + r )h + r ]
(20)
h( 2 − h + r ) I
b
+ln
JK 4π(1 + ν)R h(2 − h) .
r
0

0

0

2

0

2

0

0

0

0

1

In equation (20), h=H/R2 and fc(R1, H) is the critical
misfit above which an MD is favoured to nucleate.
In general, the following three situations can
occur depending on the relationship between the
substrate radius R1 and film thickness H:
(I ) Thin film (H << R1). In this situation, the energetic
criterion for the generation of MDs entails from both
equation (19) and the relationship R1/H >> 1. The
generation of MDs is energetically favourable at
interphase boundaries, if the film thickness is
higher than the critical thickness Hc derived from
the equation
1−

Fig. 17. The dependences of critical misfit
parameter fc on lg (H/b). Curves 1, 2 and 3
correspond to substrate radius R1=100 b, 500 b,
and 1000 b, respectively.

2H c ( Hc − rc )
( 2H c − rc )

2

+ ln

2H c − b
rc

= 8 π(1 + ν)f

Hc
b

. (21)

This equation for the critical thickness of a thin
wire film coincides with that for the critical thickness of a thin plate-like film.
(II ) Small cylindrical substrate (H >> R1). In this
situation, the energetic criterion for the generation of MDs is caused by both equation (19) and

R1
b

+

I,
2K
1

(22)

that is, if the film thickness is lower than some
critical thickness. Inequality (22) can be rewritten as follows:

F ln H − 1I b
H b 2K .
R >
1

4 π(1 + ν)f

(23)

Formula (23) is indicative of the fact that the
generation of MDs is energetically favourable, if
the substrate radius R1 is higher than some critical radius.
(III ) Substrate radius and film thickness are of
the same order (R1 ≈ H). In this situation, the
following cases can be realized depending on
the parameters of a wire composite: (III a) Generation of MDs is energetically unfavourable
at any value of the film thickness. (III b) Generation of MDs is energetically favourable, if
the film thickness H is in some range, that is,
if Hc1 < H < Hc2. Also, it should be noted that
the formation of MDs is energetically
unfavourable in wire composites with misfit
parameter f lower than some misfit parameter f 0 depending on the substrate radius
R1 (f < f0 (R1)). In order to reveal the character
of dependences of Hc1, Hc2 and f0 on R1, the
functions fc (R1,H) are calculated and shown
in Fig. 17. From Fig. 17 it follows that f0 in-
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substrate
film

substrate
film

Fig. 18. Nucleation of a dislocation at a free
surface and its consequent motion to the
interphase boundary.

Fig. 19. Nucleation of a dislocation dipole at a
free surface and its consequent motion to the
interphase boundary.

creases, and the interval [Hc1, Hc2] decreases
when R 1 decreases. As a corollary, wire
composites tend to be free from MDs when the
substrate radius R1 decreases. In contrast, f0 decreases, Hc1 decreases, and Hc2 increases with
growth of R1 (see Fig. 17). In the limiting case
with R1 → ∞, we find that f0 → 0 and Hc2 → ∝.
Finally, let us briefly discuss possible mechanisms for generation of MDs in wire composites.
One of the most effective mechanisms in questions,
as with the situation with conventional plate-like
composites, is nucleation of edge dislocations at a
free surface of a wire composite and their consequent motion (gliding plus climbing) to the interphase
boundary (Fig. 18). In this situation, orientation of
Burgers vectors of MDs at the interphase boundary
relative to cylindrical surface of the boundary is rather
arbitrary, because glide planes of the film intersect
the interphase boundary surface at widely varied
angles. (This is in contrast to MDs in conventional
platelike composites where glide planes of the film
intersect a plane interphase boundary at fixed
angles). Other possible mechanisms for generation
of MDs in a wire composite, that are analogies of
such mechanisms in conventional platelike composites, are as follows: gliding of dislocations from
internal dislocation sources to the interphase boundary; nucleation of dislocation semi-loops at a free
surface and their consequent expansion and motion to the interphase boundary; and formation of
partial MDs and their consequent merging into perfect MDs. Action of the mechanisms for generation of MDs is sensitive to geometry of a wire composite and, in general, is different from that in conventional platelike composites. More than that,
there are mechanisms which are realized in only
wire composites. For instance, nucleation of a dis-

location dipole at a free surface and its consequent
motion to the interphase boundary (Fig. 19) is effective in only wire composites. In doing so, stress
fields of the dislocations composing the dipole (Fig.
19) screen each other. As a corollary, the energetic barrier for nucleation of the dipole and its
motion near the free surface is lower than that in
the situation with an isolated dislocation (Fig. 18).
To summarize, the results [79] of theoretical
examinations of MDs at interfaces in wire composite solids, in short, are as follows:
(i) As with the commonly studied situation with
platelike film/substrate composites, generation
of MDs is energetically favourable in wire composites when their geometric parameters are in
certain ranges.
(ii) The set of geometric parameters crucially affecting the generation of MDs in wire composites
contains the wire composite radius R2, the film
thickness H, and the misfit parameter f.
(iii) The cylindrical geometry of film/substrate wire
composites and finiteness of their substrate radii cause the generation of MDs (as an energetically favourable process) to be limited in such
composites as compared with platelike film/substrate composites having semi-infinite substrates. More precisely, in wire composites, at
sufficiently small values of their misfit parameter
f and internal radius R1, MDs are not generated
at any film thickness, whereas in composites
with platelike semi-infinite substrates, there always exists a critical thickness above which
MDs may be formed.
These results are important for technological
applications of wire composites. In particular, point
(iii) is worth noting in context of a technologically
interesting possibility of exploiting wire composites
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Fig. 20. Coherent to incoherent transformation of
interphase boundary fragments with increase of
film thickness h. (a) h = h1, (b) h = h2, (c) h =
~
h3, where h1 < h2 < hc, and h3 > hc .

with thin films instead of platelike composites (if it
is admissible). Actually, both a large value of the
thin film thickness and the coherency of interphase
boundaries are often highly desired from an applications viewpoint. In these circumstances, in order
to exploit high functional properties of film/substrate
composites with comparatively large values of H and
coherent interphase boundaries, one can use wire
composites instead of platelike ones (if it is admissible).

8. PARTLY INCOHERENT INTERFACES
An interphase boundary between a single crystalline substrate and a nanocrystalline (or polycrystalline) film is featured by the existence of many boundary fragments bordered by junctions of the interface
boundary and grain boundaries of the nanocrystalline
film. In these circumstances, one of the effective
micromechanisms for misfit stress relaxation that
are specific for nanocrystalline film/substrate systems is the formation of a partly incoherent interface, a partly incoherent interphase boundary (Figs.
3 and 20) [46]. Each such a partly incoherent interface consists of both coherent and incoherent fragments and is characterized, in the first approxima-

(b)
Fig. 21. Splitting of (a) initially perfect misfit
dislocation into (b) extended dislocation with
delocalized core results in formation of incoherent
fragment (delocalized dislocation core) of
interphase boundary.

~
tion, by a modified misfit parameter, f = f (1 - δ),
depending on the ratio, δ = li /lc, of the sum length,
li, of the incoherent fragments to the sum length, lc,
of the coherent fragments. In general, when the thickness, h, of a film increases resulting in an increase
in the elastic energy, this energy effectively relaxes
via generation of new incoherent fragments (Fig. 20).
In these circumstances, a nanocrystalline or polycrystalline film is characterized by a critical value,
~
hc , of its thickness (that characterizes transition of
the interphase boundary from a partly incoherent
state to completely incoherent.) That is, the formation of a completely incoherent interface is ener~
getically favourable in films with thickness above hc
(Fig. 20 c).
In paper [80] a theoretical model has been proposed describing partly incoherent interfaces with
incoherent fragments treated as delocalized cores
of MDs. In these circumstances, each incoherent
fragment of an interphase boundary is characterized by Burgers vector “spread” along the fragment
and can be resulted from the splitting of an initial
perfect MD into extended dislocation with the delocalized core playing the role of the incoherent fragment (Fig.21). The formation of partly incoherent
interphase boundaries effectively occurs in systems
with low values of energy that characterizes incoherent matching (Fig. 2b) between the adjacent
phases.

80

Ilya A. Ovidko
film
substrate

substrate

(a)

Fig. 22. Coatings with spatially variable structures
containing single crystalline and nanocrystalline
regions.

9. SOME TECHNOLOGICAL ASPECTS
The theoretical representations on interfacial structures inherent to nanocrystalline and polycrystalline films, discussed in sections 4-8, potentially can
be used in both optimization of conventional technologies and design of new technologies for synthesis of films and coatings with desired properties. So, in the light of the representations under
consideration, interphase boundaries strongly affect
grain boundaries within nanocrystalline and polycrystalline films and vice versa. As a corollary, one
can use technologies that control interphase boundary parameters in order to form grain boundary structures with desired properties in nanocrystalline and
polycrystalline films. And, on the contrary, one can
use technologies that control grain boundaries in
order to form interphase boundaries with desired
properties in nanocrystalline (or polycrystalline) film/
substrate composite coatings.
In particular, effective relaxation of misfit stresses
via formation of grain boundary defects in
nanocrystalline films potentially allows one to design films and coatings with spatially variable stable
structure which consists of single crystalline regions
divided by ideal coherent boundaries and
nanocrystalline regions causing effective relaxation
of misfit stresses. In these circumstances, single
crystalline regions with ideal coherent matching
exhibit desired functional properties, while
nanocrystalline regions play the role of structural
elements that provide misfit stress relaxation (see,
for instance, Fig. 22).
The coatings with spatially variable structures
potentially can be synthesized, for instance, in a
two-step manner. At the first step, a coating with
the completely nanocrystalline structure is synthesized by conventional methods. At the second step,
local heating can be used to induce local recrystallization processes that result in a desired spatially

film
substrate

(b)
Fig. 23. Local nanocrystalline regions in film/
substrate systems. Nanocrystalline regions are
located in either (a) substrate or (b) film.

variable structure. This method can serve as a kind
of nanolithography.
Also, local regions with the nanocrystalline structure in either film or substrate of a composite are
capable of effectively contributing to misfit stress
relaxation in the system, even if such nanocrystalline
regions are located far from the interphase boundary (Fig. 23). This effect can be potentially used in
technologies, too.

10. PARTIAL MISFIT DISLOCATIONS
IN NANO-LAYERS
Now let us turn to a discussion of the specific structural and behavioral features of interphase boundaries in nano-layer/substrate composites (Fig. 1c).
One of such features is the experimentally observed
[81-85] enhanced formation of partial MDs (associated with stacking faults) in nano-layers. In this section we, following [49, 86], consider models describing generation and evolution of configurations of
partial MDs associated with V-shaped stacking
faults in nano-layer/substrate composites.
In general, MDs formed at film/substrate interfaces are either perfect (Fig. 2c) or partial (Figs.
21 and 24). Perfect MDs are characterized by
Burgers vectors being crystal lattice vectors and
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Fig. 24. Configurations of partial misfit dislocations
in nano-layer/substrate composites: (a) single
partial misfit dislocations associated with V-shaped
stacking faults; and (b) complicately arranged
configurations of partial misfit dislocations.

just locally, at dislocation line cores, violate the ideal
crystalline structure, e.g., [21-40] (Fig. 2c). Partial
MDs are characterized by Burgers vectors that commonly are lower than crystal lattice vectors and have
line cores which bound plane stacking faults, in
which case the ideal crystalline structure is violated
at both line cores and plane stacking faults, e.g.
[81-87] (Figs. 21 and 24). In most situations the
formation of perfect MDs is more energetically
favourable compared to partial MDs. Therefore,
namely the perfect MDs are the traditional subject
of theoretical and experimental studies. However,
there are also film/substrate systems in which the
formation of partial MDs is more favourable [8187]. In particular, following theoretical analysis [49],
the formation of partial MDs associated with Vshaped stacking faults is energetically favourable
in film/substrate systems characterized by low values of film thickness and large misfit between crystal lattice parameters of film and substrate. This
statement (supported by experimental data [85]) is
highly interesting due to rapidly growing industrial
needs in technologies exploiting nano-layer/substrate systems characterized by large misfit parameters.
Let us consider both generation and evolution of
complicatedly arranged configurations of partial MDs,
namely the experimentally observed [85] configurations each consisting of three partial MDs located
at respectively top line and two edge lines that
bound a V-shaped stacking fault in a film (Fig. 24b).
In the limiting case where the partial MDs located
at the edge line of the stacking fault reach the film
free surface, a complicately arranged configuration
(Fig. 24b) transforms into a simple configuration
consisting of one partial MD at top of the V-shaped
stacking fault, that connects film free surface and

&

the film/substrate boundary (Fig. 24a). Such simple
configurations of partial MDs have been observed
in experiments [76].
Let us consider characteristics of complicately
arranged configurations of partial MDs (Fig. 24b) in
heteroepitaxial (nano-layer/substrate) systems (for
details, see [78]). In doing so, for definiteness, we
will focus our consideration on partial MDs in
heteroepitaxial systems GaAs/Si (001) that are interesting for applications. One of important characteristics of a thin solid film is its critical thickness
defined as the thickness at which the formation of
MDs in film/substrate system becomes energetically favourable; see, e.g., [12-16]. In the situation
discussed (Fig. 24b) the critical thickness hc of a
film is defined as the thickness at which the formation of one complicately arranged configuration of
partial MDs is energetically favourable in the film.
Let us consider a model heteroepitaxial system
consisting of an elastically isotropic semi-infinite
crystalline substrate and an elastically isotropic thin
film with thickness h. The shear modulus G and the
Poisson ratio ν are assumed to be identical for the
substrate and the film. For definiteness, hereinafter
we confine our examination to the situation with onedimensional misfit f = (a2 - a1) / a1 > 0, where a1 and
a2 are the crystal lattice parameters of the substrate
and the film, respectively. In the initial state with a
coherent interphase boundary, owing to the geometric mismatch between the crystalline lattices of the
film and the substrate, the film is elastically uniformly distorted. It is characterized by the elastic
strain ε = - f <0.
Now let us turn to a consideration of the model
heteroepitaxial system with a complicately arranged
configuration of partial MDs (Fig. 25). Let the “top”
partial MD be located at line (h,0) which bounds the
top of V-shaped stacking fault, and the partial MDs
of the 90 ° type be located at lines (d, ±s) that bound
edges of V-shaped stacking fault. Let the top MD
be characterized by Burgers vector b, and the “lateral” MDs be characterized by Burgers vectors bp1=
- bx - by and bp2 = bx - by, respectively. For our further
consideration, the lateral MD at line (d,s) (line (d,s), respectively) can be effectively represented as
the superposition of two edge dislocations with
Burgers vectors by and bx (-bx, respectively); see
Fig. 25. The V-shaped stacking fault bounded by
the top and lateral MDs (Fig. 25) is characterized
by top angle 2α.
The elastic energy density (per unit of MD
length) W t of the system under consideration (Fig.
25) has the five basic constituents:
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Fig. 25. Model of complicately arranged
configuration of partial misfit dislocations.
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γ

+W +W ,

(24)

d

Here W f denotes the elastic energy density associated with the initial misfit; W n the sum energy of
MD cores; bp2 = bp21 = bp22 ; W fd the sum energy density of interaction between the MDs and the elastic
field of the initial misfit; W γ the energy of stacking
fault and W d the elastic energy density of the
complicately arranged configuration of MDs, which
takes into account interaction between MDs and
that between MDs and the film free surface. The
critical film thickness hc at which the formation of a
complicately arranged configuration of MDs (Fig.
25) in a film becomes energetically favourable can
be found from condition:
t
f
∆W = W − W = 0 .

(25)

This condition, according to calculations [86], gives
the following transcendental equation for hc:

8 πγ (1 − ν)( h − d )

2bp − 8 πf (1 + ν)( bh + 2by d ) +
2

F
H

+ b 1 − ln
2

FG
H

b
2h − b

−

2

(h − d ) + s

2

(h + d ) + s

2

2

2bby ln

2

2( s + 2dh )
2

+

I−
( 2h − b ) K

(h + d ) + s
2

F
H

2bbx s ln

−

2s

2

2

IJ +
−
[( h + d ) ] K

(26)

2

2 2

2( h − d )
(h − d ) + s
2

2

−

2( h − d )
(h + d ) + s
2

I − 4b b sd
−
[( h + d ) + s ] K (d + s )
8dh(h + d )
2

2

(h − d ) + s

8dhs

2

G cos α

2h ( h − b )

2 2

3

x

2

y

2

2

−

2

2

2

2

2

(d + s )
2

2

s ( 2d − by )
2

2

(d + s )
2

2

2

2

bx ( d + s )
2

2

d (d + 3 s )
2

−

d ( 3d + s )
2

2

+ s )( 2d − by )

2

2

−

substrate

f

FG
H

− bx ln

= W +W +W

2

( 2d − by )

p
film

t

2

by s

y

s

bp1

F
− b G ln
H (d
2

-by

d
h

bx

2

IJ = 0.
K

+

2

+

IJ −
K

4 d (d − b y )
( 2d − by )

2

where γ is the stacking fault energy density (per
unit area). Formula (26) allows one to analyze relationships between characteristics (critical thickness, misfit parameter) of nano-layer/substrate
composites with perfect MDs (Fig. 2c), single partial MDs associated with V-shaped stacking faults
(Fig. 24a) and complicately arranged configuration
of partial MDs (Fig. 24b).
In particular, theoretical analysis [86] based on
formula (26) shows the following. The formation of
perfect MDs is energetically favourable in composites with comparatively small values of misfit parameter (f < 0.01). At the same time, during growth
of the films (nano-layers) with comparatively large
values of misfit parameter (tentatively f > 0.01), the
formation of single partial MDs is energetically
favourable, if the film thickness h is in the range:
hc < h < h’c . In the situation discussed, when the
film thickness h exceeds the critical value h’c (which
commonly is in the range of a few nm and decreases with increase of misfit parameter f), single
partial MDs associated with V-shaped stacking
faults (Fig. 24a) transform into complicately arranged configurations of partial MDs (Fig. 24b).
Further growth of the film thickness leads to the
merging of the three partial MDs (that compose a
complicately arranged configuration) into a perfect
MD at the interphase (film/substrate) boundary, in
which case the stacking fault disappears.
The statement that partial MDs transform into
perfect MDs during growth of films, resulted from
theoretical analysis [86], is in agreement with experimental data [85]. These data are indicative of
the fact that density of perfect MDs increases and
density of partial MDs decreases with increase of
film thickness.
It should be noted that, in general, configurations of partial MDs are capable of being generated in films, having top MDs in the film interior
(Fig. 26). This phenomenon is important for tech-
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Fig. 26. Partial misfit dislocations associated
with V-shaped stacking faults in film interior.
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nological applications of heteroepitaxial systems
with the functional properties of interphase boundaries, because the configurations in question (Fig.
26) do not violate the coherency of interphase
boundaries and, as a corollary, do not cause degradation of their functional properties exploited in
applications. Stability of such configurations relative to their transfer to interphase boundary depends on balance between the basic driving force
(related to elastic energy release due to the transfer) and the basic hampering force (related to increase of the stacking fault area due to the transfer).

11. MISFIT STRAINS IN NANO-LAYERED
COMPOSITE FILMS
Nano-layers often are used as elements of layered
composite solids widely exploited in contemporary
high technologies. Application of layered composite solids in micro- and nanoelectronics as well as
in other areas of high technology commonly imposes strict demands on stability of their structure
and properties. However, interphase boundaries as
local structural imperfections (plane defects) and
sources of misfit strains are capable of causing instability and degradation of the desired – from an
applications viewpoint – properties of layered composites; see, e.g., [12-16, 88]. On the other hand,
there are technologies which are based on the effects of microstructural and phase transformations
at interphase boundaries in layered composites [8894]. For instance, the effect of solid state
amorphizing transformations occurring in multilayer
coatings serves as the basis for synthesis of amorphous metallic alloys (in particular, amorphous alloys with specific chemical compositions that can
not be obtained with the help of other technological methods of amorphous alloy synthesis); see,
e.g., [88-92]. The significant role of interphase
boundaries in processes occurring in layered composite solids is of great interest in experimental and
theoretical studies of interphase boundaries and
their contribution to the macroscopic properties of
such solids. In such studies the most attention in

y

-H

Fig. 27. A multilayer composite consisting of a
substrate and N layers characterized by
eigenstrains fi.

theoretical studies has been paid to the analysis of
interphase boundaries in two-layer systems (mostly
film/substrate systems), these being the simplest
representatives of layer composites [12-16].
The role of misfit strains (induced by interphase
boundaries) in structural and phase transformations
in layered composites depends, in general, on many
macroscopic factors (e.g., geometric dimensions
of composites, temperature) as well as microscopic
parameters which describe structural and chemical
peculiarities of composites and often cannot be directly identified by current experimental methods.
As a corollary, at present, key micromechanisms
and specific features of the structural and phase
transformations in layered composites have not been
unambiguously recognized in many cases. In this
section we, following [95], will consider general formulae for misfit strains and the strain energy density in multilayered composites with coherent interphase boundaries. Sections 12 and 13 deal with
models describing the effects of misfit strains on
phase transformations in layered composites.
Let us consider a multilayered film deposited
on a relatively thick substrate. Let N be the number of layers in the film (Fig. 27), H and hi (i =1,….,
N) be the substrate and i-th layer thicknesses, respectively, which have arbitrary magnitudes. In this
situation, the total thickness of such a layered structure d is equal to H +

∑

N
i =1

hi , being assumed to be

much smaller than other linear dimensions of the
system. Let the misfit strain fi be a characteristic
eigenstrain (with respect to the substrate where the
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eigenstrain is assumed to be equal to a zero value)
for the i-th layer. For definiteness, we consider hereinafter only the case with fi being a two-dimensional
misfit strain which is uniform within the i-th layer.
Also, let us assume that the outer surfaces of the
multilayer composite (Fig. 27) are free of any external loading. The elastic properties of the substrate
and layers are supposed to be identical. In these
circumstances, according to calculations [95], the
elastic strain distribution in a layered composite can
be written in the form:

∑ f kΘ(z − z ) − Θ(z − z
N

ε( z ) =

i

i

i =1

h
d

3

d + 3( H − z N
2

i −1

)+

U
+ 2z )Ψ V.
W

(27)

i

Here Ψi = H - zN + zi + zi -1 and Θ(z) is the Heavyside
function equal to 1, for z > 0, and 0, for z < 0; zi =
i
hk ; z0 ≡ 0.
k

∑

=1

To illustrate the result in question, let us consider two simple limiting cases.
First, let us discuss the case with fi ≡ f and hi ≡
h – that is, the case of a thin single-layer film specified by both the thickness h’ = Nh and the misfit
eigenstrain f, and deposited on a thick substrate
with the thickness H. In this case, the general formula (27) is reduced to the following expression:
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ε( z ) = f − Θ( z ) +

h'
d

+

3h ' H (H − h ' )
d

3

+

6h ' H
d

3

UV
W

z ,(28)

which is well known in the theory of heteroepitaxial
systems [12-16].
Second, let us consider the case with hi ≡ h and
fi ≡ f, if i =1,3,….,N-1, and fi ≡ 0, if i = 2,4,…….,N,
where N is an even number. This case corresponds
to a superlattice deposited on a thick substrate. In
the case discussed, the general expression (27) is
transformed into the formula

RS ∑ (−1) Θ[z − (n − 1)h] +
T
(29)
hL
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( N − 1) 1 +
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ε( z ) = f

n
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3

In the general situation (ε(z) is given by (27)),
the strain energy of the system (per a unit surface
square) can be written as

= 2G

2G

1+ ν

z

zN

1 − ν −H

ε (z )dz =
2

RS∑ f h − 1 ∑ f f h h (d
1− ν T
d
1+ ν

N

N

2

i

i

i j

3

i =1

i

2

j

i , j =1

UV
W

(30)
+ 3 Ψi Ψj ) ,

where G is the shear modulus.
In the first limiting case with fi ≡ f, hi ≡ h and N =
1 (for simplicity), formula (30) gives

F d
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(31)

From (31), for h >> H ≈ d, we have the well known
expression [12-16] for the misfit energy in the simplest case of a thin film on a semi-infinite substrate:
( h << H ≈ d ) ≈ 2G

1+ ν
1− ν

2

f h.

(32)

The general expression (30) can be effectively
used for analysis of various models of misfitting
multilayer composites. The above approach can
also be directly generalized to the situation with
different elastic moduli of the layer and substrate
materials.

12. EFFECT OF MISFIT STRAINS ON
PHASE TRANSFORMATIONS AT
INTERPHASE BOUNDARIES IN
(NANO)LAYERED COMPOSITE
FILMS
Let us consider with the help of general approach
[95] discussed in the previous section a phase transformation occurring at the interphase boundary in a
two-layer composite consisting of layers α and β.
The phase transformation causes the pre-existing
two-layer system to be transformed into the threelayer system with an intermediate layer (new phase)
α–β (Fig. 28). Such phase transformations commonly result from diffusional mixing of atoms of the
phases α and β; see e.g. [88-94]. In the context of
this section, we will examine the new three-layer
composite as a misfitting system (characterized by
two misfit parameters) with special attention being
paid to the role of misfit strains in initiating the intermediate layer formation – that is, the phase transformation at the interphase boundary in the pre-existing two-layer composite.
Let the thickness of the new three-layer system
be d = H + h , in which case the new phase α – β
forms the intermediate layer with the thickness a –

&#
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ε0α =

α

f

Formula (33) is indicative of the fact that the
c

h
ε0α− β

H

εβ0 =

α− β

=g

a

β

0

strain energy density 2 depends, generally speaking, in a non-linear way on the thickness a of the
layer α – β as well as on the other parameters h, H,
f and g of the three-layer composite. At the same
time, in the limiting situation with infinitely thick substrate (H, d → ∞), the dependence of ∆W c =
c
1

Fig. 28. A three-layer composite consisting of
edge layers α and β and intermediate layer
(new phase) αβ. The pre-existing interphase
boundary α/β is shown as a dashed line.

that is, the layer between the initial film α and the
substrate β characterized by respectively values
h – a/2 and H – a/2, respectively, of the thickness
(Fig. 28). Also, let us suppose that the eigenstrains
of dilatation misfit are f and g respectively in the
layers α and α – β relative to the layer β characterized by the eigenstrain ε0 ≡ 0.
The strain energy density of the three-layer composite (Fig. 28) is given by formula (30) which can
be re-written in the situation discussed as follows:

R
f a Sφ
= W + 2G
1− ν
T
F a I + φ F a I UV,
φ
HdK HdK W
c

1+ ν

c

2

1

2

0

+ φ1

+

d

(33)
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H
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2
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2

2

2

2

2

2

2

2
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φ3 = −

2

3

,

16
c

1− ν

2

f a

FG g
Hf

and 1 is the strain energy density of the pre-existing composite consisting of layers α and β only
(see formula (31)).

IJ .
2K

2

1

−

2

In this situation, ∆W c does not depend on the film
thickness h and, as a corollary, the intermediatelayer formation is energetically favourable (∆W c <
0) or unfavourable (∆W c > 0) depending on the
ratio g2/f 2. More precisely, the formation in question is energetically favourable (∆W c < 0) at g2/f 2 <
1/2 – that is, at |g|<|f |/ 2 .
Now let us turn to the analysis of the situation
with layers α and β having the same thickness –
that is, H = h and d = 2h. In this situation, φ0 = -g/f +
g2/f 2, φ1 = 1/8+g/f- g2/f 2, φ2 = 0, φ3 = -3/16, and, as a
corollary,

RS g + g
1− ν
Tf f
FG 1 + g − g IJ a − 3 F a I UV.
H 8 f f K d 16 H d K W
= W1 + 2G
c

1+ ν

f a −

2

2

3

2

+

(34)

2

c

Here

where
φ0 = −

1+ ν

2

3

2

c

2

a

-

on a is linear:

∆W ≈ 2G

c

2

c
2

=

G 1+ ν

2

f h.

4 1− ν
Let us examine with the help of (34) the initial stage
of the intermediate-layer formation. In doing so, we
focus our attention on the situations with f > g > 0 or f < -g <0, because the formation of the intermediate layer in other situations leads to the increase of
the misfitting of a layered composite and, therefore, is definitely unfavourable from an energetic
viewpoint. The intermediate layer at the initial stage
of its formation is characterized by the thickness a
<< d. This allows us to neglect the term proportional to (a/d)3 on the r.h.s. of formula (34). In doing
so, from the reduced version of formula (34) (with
the aforesaid term omitted) it is entailed that the
intermediate-layer formation is energetically
favourable (∆W c <0), if h > hc, the critical thickness
hc

1

F f IJ .
≈ G1 +
2H
8g (f − g ) K
a

2

(35)
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Formula (35), in particular, is indicative of the
fact that there is a minimal critical thickness
hc,min ≈

3

a,

4

(36)

which corresponds to the situation with g = f/2. The
critical thickness at g → 0 is

hc ≈

F1 + f I ,
2H
8g K

a

and it decreases with increasing g and increases
with increasing f. When g → f,

hc ≈

F1 + f I,
2H
8(1 − g / f ) K

a

and it increases with increasing g and decreases
with increasing f.
Let us estimate numerically the value of hc in
the situation with nucleation of an intermediate layer
– that is, the situation with the layer (as the layer of
a new phase) characterized by the minimal thickness amin. (The new phase should consist of, at least,
several atomic layers, in which case amin is commonly of the order of 1 nm.) Let the misfit parameter in the pre-existing two-layer system be f = 0.01.
In these circumstances, for values of g = 0.008,
0.009 and 0.0099, from (36) we find the critical thickness hc ≈ amin, 1.2amin, 500amin, respectively.
In our consideration, we have focused on the effect of misfit strains on phase transformations in
layered composites. At the same time, in general,
other factors also influence such transformations.
First of all, the difference W a-c between free energy
(or another thermodynamic potential) densities of
the pre-existing phases (α and β) and a new phase
(α – β) usually plays the important role in phase
transformations in layered composites. In these circumstances, any comparison of the quantitative
estimates (e.g., values of hc and hc,min, the dependence of ∆W c and hc on f and g) obtained in this
subsection using experimental data as well as other
theoretical estimates seems to be unreasonable,
because many other factors should be taken into
account. A detailed labour-consuming analysis of
the contribution of W a-c to energetic characteristics
of intermediate-layer formation (Fig. 28), as well as
other factors (different from misfit strains) affecting phase transformations of all types in layered
composite solids, are beyond the scope of our consideration. In the next section, we discuss the only
type of such transformations – namely the solid
state amorphizing transformations in layered com-

posites, taking into account the misfit strain energy
density and other energetic characteristics of the
new phase – that are capable of influencing the
amorphization processes.

13. EFFECT OF MISFIT STRAINS ON
SOLID STATE AMORPHIZATION IN
NANO-LAYERED COMPOSITES
Solid state amorphizing transformations occur in
multilayer composite solids consisting of alternate
layers, say, α and β, of elemental metals, e.g. [8992]. In these circumstances, layers of the new amorphous alloyed phase α – β nucleate at α /β interfaces due to diffusional mixing of atoms α and β.
Recently, it has been experimentally revealed that
solid-state amorphization does not occur in Ni/Ti
multilayer composites having the crystalline layer
thickness in a composite below some critical thickness hcam (which is several nanometers) [92]. We
think that this experimental fact gives evidence of a
strict relationship between misfit strains (whose contribution to the energy of a composite is dependent
on the layer thickness; see sections 11 and 12)
and the amorphization processes. More precisely,
in the context of our previous consideration of the
intermediate-layer formation in a film α/substrate β
system, the amorphization occurs as a process with
relaxation of misfit strains contributing to its driving
force. In this section, we will theoretically examine
with the help of results obtained in 11 and 12 sections the effect of misfit strains on the solid-state
amorphization in layered composites. In doing so,
we also take into account both the energy density
of crystal/glass interfaces resulting from the
amorphization and the difference W a-c between the
free energy densities of the (new) amorphous and
(pre-existent) crystalline phases.
Let us consider the formation of an intermediate amorphous layer α – β in an initially two-layer
system consisting of crystalline layers α and β (Fig.
28). The amorphous-layer formation is accompanied,
in particular, by the occurrence of two crystal/glass
interfaces. Following model [61] of crystal/glass interfaces, the total energy density Eitot of a crystal/
glass interface can be represented as the sum of
the two basic terms, Eidil and Eidis, which are related
to the dilatation misfit (originating from the difference between the mean interatomic distance in the
amorphous phase and crystal lattice parameters
of the adjacent crystalline phases) and disorderinduced distortions (originated from distortions of
the adjacent amorphous phase), respectively. In
the context of our paper, in the theoretical exami-
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nation of the amorphous-layer formation in a preexisting two-layer crystalline composite, we will
operate with dilatation misfit strains induced by crystal/glass interfaces and their energy density Eidil by
means of methods developed in previous sections,
in which case it is identified as the energy density
W2c. At the same time, the energy density Eidis will
be taken into account as a parameter contributing
to the energetic criterion for the amorphous-layer
formation (see below).
Let us consider the amorphous layer at the initial stage of its nucleation in a two-layer composite.
It is characterized by the minimal thickness amin,
the dilatation misfit energy density W2c, and the
energy density Eam(amin) (per unit area) which is the
sum of its proper free-energy density W a-camin and
the energy density 2Eidis of two (new) crystal/glass
interfaces (Eam(amin) = W a-camin + 2Eidis). The energy
density Eam(amin) is included in the energetic criterion for the amorphous layer formation, which is as
follows:
∆W + E am (amin ) < 0 .
c

(37)

With criterion (37) taken into account, we find
after some analysis the following formula for the critical thickness hcam :
am

hc

≈

FG1 + f IJ = h ,
2(1 − E ) H
8g ( f − g ) K 1 − E
a

2

cr

c

(38)

where

E=

Eam (1 − ν)
2G (1 + ν)ag ( f − g )

<1

(39)

and hc is given by formula (35). In general, hcam can
take widely varying values, depending on Eam. In
particular, the amorphization does not occur in composites with high values of Eam (and, therefore, high
values of hcam ).
Let us discuss the effect of the terms W a-camin
and Eidil (which are treated here as parameters) on
the amorphization. The traditional viewpoint on the
solid-state amorphization in layered composites,
which does not take into account misfit strains, is
that the driving force for the amorphization is associated with a negative W a-c [89]. Within the framework of these representations, the amorphization
occurs if W a-c < 0, and does not occur if W a-c > 0.
However, recently, the amorphization has been experimentally observed in immiscible Y/Mo multilayer composites characterized by W a-c > 0 [90].
This is indicative of the crucial effect of interfaces
on the amorphization. In the paper [90], this effect

&%

was analyzed by the methods of thermodynamics,
operating with the fraction of interfacial atoms as
the key factor. However, the approach of [90] does
not allow one to explain the experimentally revealed
[92] existence of the minimal critical thickness hcam
for the amorphization in Ni/Ti multilayer composites. As a corollary, in the context of the theoretical
results [95] discussed here, we think that misfit
strains play a very important role in the
amorphization processes and should definitely be
taken into account in any description of the processes in question.

14. MISFIT DISLOCATION WALLS IN
(NANO)LAYERED COMPOSITE
FILMS
MDs in one-layer films form various structures, depending on the film thickness, misfit parameter, characteristics of materials and crystallography of films
and substrates as well conditions of the film deposition onto substrates (e.g., see reviews [13-16] and
sections 4-7 of this review). Say, misfit stresses in
high-Tc superconducting film/substrate systems
characterized by low values of misfit parameter relax mostly via formation of planar rows of MDs [96].
As misfit parameter and/or the film thickness grow,
one frequently observes low-angle boundaries in highTc superconducting films [96]. Following the model
[41] describing misfit stress relaxation via formation of MD walls, that is, low angle boundaries (see
also section 4 of this review), it is natural to relate
the experimentally observed [96] formation of lowangle boundaries in cuprate one-layer films to the
effective contribution of such boundaries – dislocation walls – to relaxation of misfit stresses. In
this context, the special peculiarities of MD walls
in multilayered films (with the composite structure
being more complex than that of one-layer films)
are of high interest.
In this section, we will consider a theoretical
model [97] that describes the generation of the walls
of complete edge MDs at the interfaces of the film
composed of alternate layers (Fig. 29). Since the
MD walls are terminated at the film/substrate interface, their end points serve as misfit disclinations, rotational defects. The rotational mechanisms
of misfit strain accommodation realized through the
formation of disclinations or dislocation walls in the
case of one-layer film have already been observed
experimentally [62-66] and analyzed theoretically
[41,57-61] (see also sections 4 and 6 of this review). It has been demonstrated that misfit
disclinations or MD walls can be generated at twin
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ers α and β of thickness h1 and h2, respectively [H
= N(h1 + h2)] (Fig. 29). The film and the substrate
are supposed to be elastically isotropic solids and
have the same values of the shear modulus G and
the same values of the Poisson ratio ν. The misfit
of the substrate, layers α and layers β crystal lattices is assumed to be dilatational and characterized by the misfit parameters f1 = (as-aβ)/as and
f2=(as-aβ)/as equal in the absence of MDs to the elastic strain within layers α and β, respectively. In the
latter relation, as, aα and aβ denote the crystal lattice parameters of the substrate, layers α and layers β. Let the misfit parameters f1 and f2 be positive, and the lines and Burgers vectors of the generated MDs be parallel to the film/substrate interface (Fig. 29).
To determine the necessary conditions for the
formation of an MD wall, we will use the standard
technique comparing the energies of the system
with and without the wall. The energy W of the system with an MD wall extending from the film/substrate interface to the free surface (Fig. 29a) per
unit length of dislocations can be presented as the
sum of three terms:
= W +W
f

w

+W

f −w

,

(40)

where W f is the misfit strain energy, W w the selfenergy of the MD wall and W f-w the interaction energy of the misfit strain and the MD wall. When the
MD wall is absent, the energy of the system is related to the misfit strain only and equal to W f. The
necessary condition for the MD wall generation is
that the system energy W with the MD wall be
smaller than the system energy W f prior to the MD
wall introduction, ∆W = W - W f < 0, which yields
f

+W

f −ω

< 0.

(41)

Fig. 29. Misfit dislocation walls in a multilayered
film.

In accordance with calculations [97], the necessary condition (41) for the generation of the MD
wall (Fig. 29a) can be rewritten as

or grain boundaries, in single crystalline films on
amorphous substrates and in nano- or polycrystalline films [41,57-66]. In multilayered films, dislocation walls can be formed by slip of dislocations from
their sources. Let us consider, following [97], the
conditions for the formation of a first (individual)
MD wall in multilayered film. In doing so, for simplicity, we will suppose that dislocations composed
the wall, are regularly spaced and separated from
each other by a pair of alternate film layers.
Thus, let us consider a system that consists of
a semi-infinite substrate and a multilayered film of
thickness H comprised of N pairs of alternate lay-
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(42)
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where the effective misfit fe = (f1h1 + f2h2)/(h1 + h2),
and di = iH/N.
~
The energy change ∆W = ~ - W f due to the
generation of the MD wall shown in Fig. 29b, which
is defined as the difference between the system
energy ~ with such an MD wall and the system
energy W f without MD walls, is derived similarly to
~
the expression for the ∆W. The final result for ∆W
is given as [97]:

~ Db
∆W =
2

2
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where di = iH/N - h1. From (43) and the condition
~
∆W <0 it follows that
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(i) MD walls in a film with alternate layers can form
in some range of parameters including film thickness H, misfits f1 and f2, the number N of film
layers and the ratio h2/h1 of adjoining layer thicknesses.
(ii) The formation of MD walls is energetically
favourable in multilayered films with the film
thickness exceeding some critical thickness
(that depends on f1, f2, N and h2/h1).
(iii)The critical film thicknesses increase with the
number N of film layers.
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Analysis [97] of formulae (43) and (44) indicates
the following. The MD walls can nucleate in films
with the thickness exceeding some critical thick~
nesses Hc and H c corresponding to zero values of
~
∆W and ∆W , respectively. If f1 and f2 as well as h1
and h2 are of the same order, ∆W is lower than
~
~
∆W , and Hc < H c ; it could easily be predicted. If
~
the multilayered film thickness H > Hc , MD walls of
both first and second type (shown in Fig. 29a and
b, respectively) are favoured. In doing so, both Hc
~
and Hc increase with H.To summarize, the specific behavioral peculiarities of MD walls in multilayer films are as follows [97]:

15. NANO-ISLANDS ON SUBSTRATES
WITH MISFIT DISLOCATIONS
The formation of spatially ordered ensembles of
nano-islands on crystalline substrates is the subject of intensive theoretical and experimental studies due to their great technological potential for
device applications; see, e. g., [97-120]. Of special
interest are applications of self-assembled semiconductor nano-islands (quantum dots) exhibiting
unique properties for optoelectronic devices with
reduced size and weight. In doing so, highly desired, from an applications viewpoint, functional
characteristics of nano-islands crucially depend on
their spatial arrangement and distributions in size
and form. At present, in order to design and fabricate ordered ensembles of nano-islands, several
technological parameters and methods of growth
of nano-islands are used which influence their spatial positions, size and form. For instance, such
parameters are deposited material quantity, deposition rate, substrate temperature, chemical composition, and growth interruption time. This has
been considered in detail in reviews [98-100]. Recently (in 1999), a very promising technological
method for fabrication of spatially ordered ensembles of quantum dots has been suggested and
theoretically examined in papers [10, 110], which
is the formation of nano-islands (quantum dots) on
free surfaces of substrates with internal interfaces,
that is, interphase or low-angle grain boundaries.
This method exploits the idea to control spatial organization of arrays of nano-islands by means of
the elastic interaction between nano-islands and
ordered networks of dislocations at the internal
boundaries. The method under consideration is
based on continuum models describing ensembles
of dislocations in the substrate and ensembles of
nano-islands on the substrate free surface. In this
section we, following [10, 111], will discuss these
models.
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d

Fig. 30. Pyramid-like nano-islands on composite
(consisting of substrates 1 and 2) with misfit
dislocations at internal interphase boundary.

In doing so, we will focus our consideration on
substrates with semi-coherent interphase boundaries containing networks of MDs. MDs generated
at the internal interphase boundary in a composite
substrate consisting of substrate 1 and substrate
2 (Fig. 30) create spatially inhomogeneous strain
fields on the free surface of the composite substrate (or, in other terms, on the free surface of
substrate 2). As a corollary, the lattice parameters
of the composite substrate on its free surface depend on spatial coordinates, in which case
favourable growth of nano-islands occurs on those
substrate surface fragments that are characterized
by a minimum misfit between the crystal lattice
parameters of a nano-island and the strained substrate. In these circumstances, the spatial positions
of nano-islands are strongly influenced by the parameters of MDs which, in their turn, are affected
by the human-controlled parameters (materials of
substrate 1 and 2, thickness of substrate 2, etc.) of
the composite substrate. As a result, the discussed
technological scheme (based on the idea of elastic interaction between nano-islands and MDs; see
Fig. 30) can be effectively used for design and fabrication of arrays of nano-islands (quantum dots)
with controlled spatial organization.
Both size and shape of nano-islands are also
crucially affected by a misfit between crystal lattice
parameters of nano-islands and substrate [98-100].
As a corollary, owing to the technologically controlled effect of MDs on spatial distribution of the
misfit on the dislocated substrate surface (Fig. 30),
the discussed technological scheme is promising

in design and fabrication of nano-islands (quantum dots) with desired distributions in size and
shape.
Let us consider a model composite system consisting of a semi-infinite substrate (phase 1), substrate 2 (phase 2) of finite thickness H, and nanoislands (phase 3) that grow on substrate 2 (Fig.
30). Substrates 1 and 2 as well as nano-islands
are assumed to be isotropic and characterized by
the same shear modulus G and the same Poisson
ratio ν. For definiteness, nano-islands are assumed
to be regular pyramids with square bases having
edges of length 2a.
Substrate 2 and nano-islands are elastically
strained due to a misfit between crystalline lattices
of phases 1, 2 and 3. The misfit is assumed to be
two-dimensional, in which case it is characterized
by the parameters fI = (a1 - ai)/[2(a1 + ai)], where ai
is the crystal lattice parameter for the i-th phase. If
the thickness H of substrate 2 is lower than some
critical value Hc, the misfit between crystalline lattices of substrate 1 and 2 is accommodated completely by the elastic straining of substrate 2. For
H > Hc, the formation of MDs is energetically
favourable, which effectively contribute to accommodation of the misfit (relaxation of the misfit
stresses). For simplicity, in this section we will focus on consideration of edge MDs located at the
substrate 1/substrate 2 boundary and characterized by identical Burgers vectors b that are parallel
with the boundary plane (Fig. 30).
The elastic interaction between nano-islands
and MDs causes nano-islands to have favorable
spatial positions on the free surface of the composite substrate. Let us consider, following [10, 111],
interaction of a nano-island and a MD network consisting of two orthogonal rows of periodically spaced
(with a period d) MDs (Fig. 30). The nano-island in
its equilibrium position is equally distant from two
nearest MDs that belong to the orthogonal dislocation rows. The energy W ar of elastic interaction
between the nano-island and the MD network is
as follows:
ar

= ( f3 − ε ( x 0 )) − f3 .
ar

2

2

(45)

Here
∞

ε (x0 ) =
ar

∑ε

d

( x 0 − nd ),

(46)

n = −∞

in which case εd(x0-nd) denotes the strain in the
substrate region under the nano-island, created by
two dislocations with the lines (x = nd, z = H) and

'
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(y = nd, z = H). From (45) and (46) it follows that
there are following (sub)cases, depending on the
parameters f2, f3 and H:
ar
ar
(Ia) f2 f3 > 0 and ε max < |f3|, where ε max is the maximum absolute value of the strain created by the
MD network on the surface of substrate 2. In
this case stable equilibrium positions x0 =xeq correspond to the points where the function |εar|
has its minimum (Fig. 31). Such points depend
on parameter d/H. So, for d/H < 3.15, that is,
for a high density of MDs, the function |εar| has
its maximum values above the centers of MD
network cells, squares formed by MD lines (Fig.
31a). For d/H > 3.15, where d and H are of the
same order, stable equilibrium positions of the
nano-island are located in vicinities of the points
above vertices of the MD network (Fig. 31b and
c). For d/H << 1, interaction of the nano-island
and the MD network is reduced to that between

Fig. 31. Projection of qar on x0/H, for various
values of parameter d/H: (a) d/H = 3, H/Hc = 2;
(b) d/H =4, H/Hc =1.4; (c) d/H =5, H/Hc =1.4; (d)
d/H =10, H/Hc =0.6. Horizontal lines correspond
to values of H/Hc, Stable equilibrium positions x0
= xeq of nano-island correspond to either maximum
values of qar (case Ia) or minimum values of qar
(case II) or intersection points of curves qar and
lines H/Hc (case Ib).

the nano-island and two nearest orthogonal dislocations, causing stable equilibrium positions
of the nano-island to be distant by H from the
dislocation lines (Fig. 31d).
For f2f3 > 0, case (Ia) is realized, if the thickness H of substrate 2 is larger than some critiar
cal value H c ( < H ) that depends on the paramar
eters f3 and d. As shown in Fig. 31, H c > Hc,
ar
and H c decreases with growth of d, period of
ar
the MD network. For d → ∞, H c = Hc.
ar
(Ib) f2f3 > 0 and ε max > |f3|. In this case stable equilibrium positions correspond to the points where
the curve qar(x0/H) and the line H/Hc intersect
(Fig. 31). Either one or two stable equilibrium
positions exist in the points located above the
segments that connect nodes of MD network
cells (squares with edges of length d) and their
centers (The segments in question correspond
to the interval, 0 < x0 <d/2, presented in Fig.
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31.) More precisely, there is one stable equilibrium position, for d/H < 3.15 (see Fig. 31a); and
either one or two stable equilibrium positions of
the nano-island exist, for d/H >3.15, depending
on value of |f3|. For d/H >3.15, stable equilibrium positions are approaching nodes of the MD
network cells with increase of the ratio d/H.
(II) f2f3 ≤ 0. In this case f3 and εar have the same
sign. Stable equilibrium positions of the nanoisland correspond to a minimum of |εar|. In these
circumstances, for d/H <3.15 (Fig. 31a), stable
equilibrium positions x0 = xeq = nd are located at
the points above nodes of the MD network. For
d/H > 3.15 (Fig. 31b and c), there are stable
equilibrium positions (xeq = nd) of the nano-island at the points above nodes of the MD network as well as quasiequilibrium positions
,
( x eq = n(d+1/2)) at the points above centers of
MD network cells.
Thus the growth of nano-islands on a composite (two-layer) substrate with MDs at an internal interphase boundary (Fig. 29) is an effective method
for fabrication of spatially ordered ensembles of
nano-islands (e.g., quantum dots). Due to elastic
interaction between nano-islands and MDs, spatial positions (and generally speaking, size and
shape) of nano-islands are highly sensitive to the
characteristics of the dislocated composite substrate. This potentially allows one to design arrangements of nano-islands with desired functional characteristics on a composite substrate, using technologically controlled parameters (materials of layers composing the two-layer substrate, thickness
of the “upper” layer, etc.) of the substrate.

16. INTERFACES IN HIGH-TC
SUPERCONDUCTING FILMS
16.1. Introductionary notes
Grain boundaries in high-transition-temperature (Tc)
superconducting thin films and bulk materials dramatically suppress the transport critical-current
density (Jc). Values of Jc in polycrystalline high-Tc
superconductors are essentially lower (often by
orders) than those of their single crystalline counterparts, e.g. [121-126]. The weak-link behavior of
grain boundaries in high-Tc superconducting films
forms the foundation of integrated-circuit technologies based on Josephson effect. At the same time,
the dramatic depression of Jc across grain boundaries prevents applications of polycrystalline superconducting cuprates in high-electric-current technologies; see, e.g. [125,126]. Besides technologi-
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cally motivated attention to grain boundaries, an
adequate description of their specific behavior in
thin-film and bulk high-Tc superconductors is very
important for the fundamental understanding of
nature of high-Tc superconductivity. At present,
though there are many experimentally documented
facts concerning the effect of grain boundaries on
the transport critical-current density in high-Tc superconductors (see reviews [125-127]), its physical mechanism(s) is (are) under discussion [125144].
In general, grain boundaries in high-Tc superconducting films exhibit some specific structural
and behavioral features differing such boundaries
from grain boundaries in high-Tc bulk superconductors. However, both the structure and behavior
of grain boundaries in high-Tc superconducting
films, in many respects, are similar to those in bulk
cuprate superconductors. With this taken into account, in this section, first, we will discuss the general aspects of the effect of grain boundaries on
high-Tc superconductivity in bulk and thin-film
cuprates. Then the attention will be paid to the specific structural and behavioral peculiarities of grain
boundaries in high-Tc superconducting films.

16.2. Key experimental data and
theoretical representations on
the grain boundary effect on
high-Tc superconductivity
The key experimentally documented facts related
to the effect of grain boundaries on high-Tc superconductivity in bulk and thin-film cuprates, in short,
are as follows:
(i) There is a dramatic discrepancy between the
transport properties of low- and high-angle
boundaries; see, e.g., [121-127]. Thus, Jc across
low-angle boundaries shows a sharp exponential drop with rising boundary misorientation α,
while the critical current density across highangle boundaries is weakly dependent on α and
is lower by two or three orders than the critical
current density in the bulk phase [121-127].
(ii) Existence of hole depletion zones in vicinities
of grain boundaries [127, 145, 146].
(iii) Existence of deviations from bulk stoichiometry near grain boundaries in samples fabricated
at highly non-equilibrium conditions [125, 138,
147].
(iv) Existence of variations of the superconducting
properties along grain boundary planes [125,
148-152].
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(v) Doping-induced enhancement of Jc in Ca-doped
YBaCuO superconductors [136].
(vi) High-quality twist boundaries have been fabricated in BiSrCaCuO superconductors, that are
characterized by boundary cores of zero thickness and exhibit the enhanced transport properties [153-155]. Such boundaries carry critical
current as high as their consistuent single crystals [152-155].
(vii) Spatial variations of the critical current have
been detected in BiSrCaCuO tapes; the most
supercurrent flows through the thin layer of superconductor next to the silver sheet (see [156]
and references therein).
(viii) Grain boundary structures undergo transformations that are capable of strongly influencing their transport properties [157-160]. For instance, the splitting and amorphization of dislocation cores composing low-angle boundaries
in high-Tc cuprates have been experimentally
observed [157, 158]. Amorphization and chemical composition inhomogeneities at high-angle
boundary cores have been detected in experiments; see, e.g., [159, 160].
Theoretical models which describe the effect
of grain boundaries on high-Tc superconductivity
should take into account these experimental facts.
Let us briefly discuss the key points of current
models [127-144] of grain boundaries in high-Tc
superconductors and analyze correspondence of
predictions of these models to data of experiments
with polycrystalline high-Tc cuprates.
In papers [138, 139] compositional variations
at grain boundaries are treated as those responsible for reduction of the critical current density Jc
across boundaries. However, fabrication of (thinfilm) samples where non-stoichiometry is not exhibited (or, at least, is non-detectable in experiments), but grain boundaries show the same transport bahavior, makes the idea [138, 139] on the
critical role of compositional variations to be
discussive.
The model [128] treats the crystallographic disorder within grain boundary cores and strains induced by grain boundary dislocations to be responsible for the superconducting-to-insulating phase
transition in strained regions within and near grain
boundary cores. In doing so, the value of strain εc
≈ 0.01 along the a or b axis is assumed to be critical, that is, the transition occurs in regions characterized by strain (along the a or b axis) ε > εc [128].
This approach and its versions [130-132] do not
take into account stoichiometric and electric-charge
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inhomogeneities at grain boundaries. In particular,
the model [118] does not explain the experimentally detected [127, 145, 146] existence of holedepletion regions in vicinities of grain boundaries.
Also, it meets the question related the fact that
strain fields of periodic dislocation walls (which
serve as models of low-angle symmetric tilt boundaries; Fig. 1a) drop as exp(-x/d), where x denotes
the distance from the grain boundary plane, and d
the period that characterizes arrangement of dislocations composing the dislocation wall. The period d is in following relationship with tilt boundary
misorientation α: b/d = 2sin(α/2) [161], where b is
the magnitude of the dislocation Burgers vector.
With this relationship taken into consideration, the
strain fields discussed should give rise to shrinkage of strained regions in vicinities of low-angle tilt
boundaries and, therefore, to increase of the critical current density Jc(α) across tilt boundaries with
increase of misorientation angle a from 0° to tentatively 10°. This is in a contradiction with experimental data [121-126].
In papers [140, 141] the approach [128] has
been modified to the situation with chaotically arranged dislocations at tilt boundaries in high-Tc
superconductors. Disordered arrays of dislocations
create stress fields whose dispersion increases with
rising a in the low-angle range [140-142]. This, in
the framework of the approach [128], should result
in a decrease of the critical current density Jc(α)
across disordered tilt boundaries with rising α for
α ≤ 10°. However, grain boundaries that contain
chaotically arranged dislocations [140-142] are
partial cases of grain boundary structures in
cuprates. Such disordered grain boundaries are
expected to exist only in high-Tc superconductors
fabricated at highly non-equilibrium conditions.
Therefore, the discussed modifications [140-142]
of the approach [128] can not reply to all questions
to its validity in the general situation.
The idea on stress-induced suppression of
high-Tc superconductivity has been exploited also
in paper [129]. Authors of this paper have theoretically described (in terms of the Ginzburg-Landau
formalism) the angular dependence of the critical
current density Jc across low-angle tilt boundaries
in cuprates, taking into consideration the effect of
crystal lattice anisotropy on stress fields of grain
boundary dislocations as well as the effect of electric-charge inhomogeneities caused by stress fields
of the dislocations on the superconducting order
parameter. In doing so, however, the model [129]
focused on the range of α from 5° to tentatively
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25° leaving the dependence Jc(α) unclear, for α <
5° and α >25°. In addition, the electric-charge inhomogeneities have been described as those associated with stress-induced inhomogeneities of
the averaged (over an elementary cell) ion density,
in which case the polyatomic structure of cuprates
has been ignored. In the framework of this model
description, the role of stoichiometric inhomogeneities driven by stress fields has been not taken
into account.
In papers [133-136] the excess electric charge
within high-angle boundary cores has been treated
as that responsible for the formation of hole-depletion zones in vicinities of grain boundaries. In doing so, origin of the excess charge in question has
been attributed to crystallographic disorder existing within high-angle boundary cores as well as to
the d-wave type symmetry of the superconducting
order parameter. However, in the framework of the
model description [133-136], the excess electric
charge can be either positive or negative, in which
case hole-enhancement zones in vicinities of grain
boundaries could be expected to form as likely as
hole-depletion zones do [136]. At the same time,
only hole-depletion layers have been detected in
electron energy loss spectroscopy experiments
[127, 145, 146]. This causes questions to the choice
of origin of the excess electric charge, given by the
model [133-136]. A modified version of the approach [133-136] is the so-called bond-valence
model [127] which attributes the excess electric
charge of grain boundary cores to variations of
valency of copper atoms in atomic chains (existing
between Cu-O planes) in YBaCuO superconductors. This model is based on results of computer
simulations of the atomic structure of grain boundaries in YbaCuO materials, in which case the
atomic potentials are empirical and can, therefore,
lead to errors. Also, an uncertainty of the origin of
hole-depletion layers is inherent to model [137]
which uses the existence of such layers and their
experimentally measured characteristics as an
experimentally documented input of the GinzburgLandau-formalism-based description of the transport properties of tilt boundaries in YBaCuO superconductors.
Authors of paper [143] have focused on the role
of the crystallographic disorder within grain boundary cores in the suppression of the critical current
density Jc. More precisely, the model [143] treats
the mechanism of the grain boundary effect on Jc
to originate from breaking and rearrangement of
interatomic bonds at the boundary core that in-
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duce modification of the local electronic states.
Following the electronic structure calculations for
grain boundaries in YBaCuO superconductors, it
has been concluded that the Cu2-O2 interatomic
bonds broken at the grain boundary are a very important factor controlling the local electron state
perturbation and, therefore, the superconducting
order parameter behavior in boundary area [143].
At the same time, removals of O1, Ba or Y atoms
from the lattice are theoretically shown to weakly
influence the local electron states in YBaCuO superconductors. The model [143] is based on results of computer simulations of the atomic and
electronic structures of five grain boundaries in
YBaCuO superconductors. In doing so, just qualitative conclusions about the crucial effect of breaking the Cu2-O2 interatomic bonds on Jc have been
made; values of Jc have been not estimated. Nevertheless, results of the model [143] are very interesting for understanding the nature of the grain
boundary effect on the critical current density Jc
and can be used in further quantitative analysis of
Jc across grain boundaries in high-Tc superconductors.
The model [144] explains the grain boundary
effect on high-Tc superconductivity as that caused
by electric-charge inhomogeneities within and near
grain boundary cores, which are associated with
stoichiometric inhomogeneities induced by dilatation stresses and mediated by enhanced grain
boundary diffusion. This model, in fact, treats the
combined effects of dilatation stress fields, stoichiometric and electric-charge inhomogeneities on the
critical current density across grain boundaries as
those responsible for the experimentally detected
features, (i)-(vi) (see above), of high-Tc polycrystalline cuprates. Also, the model allows one to make
predictions of those doping elements that are capable of enhancing the critical current density
across grain boundaries in doped high-Tc cuprates
and to give a qualitative explanation of the specific
transport properties of high-quality c-axis twist
boundaries in BiSrCaCu superconductors. In next
subsection we will discuss the basic representations of the model [144] in more detail.

16.3. Dilatation stresses and the grain
boundary effect on high-Tc
superconductivity
The generic feature of all cuprate superconductors is their polyatomic structure [125,162]. The
generic feature of all grain boundaries in cuprates
(as well in other solids) is their role as sources of
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dilatation stress fields [161]. Since atoms of different types exhibit different behaviors in response to
dilatation stresses [163], dilatation stresses associated with grain boundary cores induce local violations of ideal (optimal for high-Tc superconductivity) stoichiometry within grain boundary cores in
polyatomic cuprates. This is generic feature of all
polycrystalline high- Tc cuprates.
Let us discuss the effects of grain-boundaryinduced dilatation stresses on stoichiometry in the
examplary cases of YBaCuO and BiSrCaCuO
superconductors that are of high importance in
applications. High-Tc superconducting cuprates are
polyatomic solids whose lattices consist of negatively charged ions (anions) of oxygen O2- and positively charged ions (cations) of other chemical elements (Y, Ba, Cu in the case of YBaCuO superconductors, and Bi, Sr, Ca, Cu in the case of
BiSrCaCuO superconductors) composing the
cuprates. Oxygen ions are small compared to the
cations composing crystalline lattices of cuprates,
in which case small oxygen ions tend to move to
regions where compressive stresses exist, while
comparatively large cations tend to move to regions
where tensile stresses exist.
More precisely, according to the general theory
of diffusion in stressed solids [163], the elastic interaction between dilatation stresses (σxx(x,y,z),
σyy(x,y,z), σzz(x,y,z)) and diffusing species (small
and large ions in our case) in a stressed solid is
specified by the interaction energy given as:
E int = ( σ xx + σ yy + σ zz )

∆V
3

.

(47)

Here ∆V is the atomic volume difference that characterizes the diffusing species. In the discussed
situation with stress-driven diffusion in polyatomic
cuprates, diffusional exchange of small oxygen
anions and large cations occurs. In this case values of ∆V that figures on the r.h.s. of formula (47)
are as follows:
∆Vk = Vk −

∆VO = VO −

Vk + VO
2
Vk + VO
2

> 0,

(48)

< 0,

(49)

where Vk denotes the atomic volume of cation of
the k-th type, VO the atomic volume of oxygen (Vk
> VO). The elastic interaction in question forces
large cations (small anions O2-, respectively) to
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Fig. 32. Stoichiometric and electric-charge
inhomogeneties within and near tilt boundaries.
(a) Cores of lattice dislocations (composing lowangle boundaries) and (b) cores of high-angle
boundaries are characterized by deviations from
bulk stoichiometry and an excess positive charge
density Qgb. Their vicinities (dotted regions) are
hole depletion zones.

move to regions where tensile (compressive, respectively) stresses exist.
Grain boundary core regions – plate-like cores
(with thickness being of the order of 1 nm) of highangle boundaries and cylinder-like cores (with diameter being of order of 1 nm) of lattice dislocations composing low-angle boundaries (Fig. 32) –
are characterized by a low atomic density compared
to the bulk or, in other terms, by a positive dilatation [163-165]. The component of the rigid body
translation normal to a high-angle boundary, that
characterizes the excess free volume of the boundary, is in the order of 1/10 to 1/100 of the lattice
parameter [163,164]. In accordance with calculations [165], the excess free volume of dislocation
cores (that compose low-angle boundaries) can be
estimated as that in the order of 1/10 of magnitude
of one or two atomic volumes. In doing so, the excess free volume of edge dislocations is larger than
that of screw dislocations [165]. In addition, due to
a low atomic density of grain boundary cores, they
exhibit the enhanced diffusional properties: coeffi-
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cients of self-diffusion, that characterize high-angle
boundary cores and dislocation cores (composing
low-angle boundaries), are higher by several orders than the bulk diffusion coefficient [163].
Thus, in context of our previous discussion,
boundary core regions are regions where tensile
stresses exist, in which case the elastic interaction
(47) gives rise to enhanced-diffusion-mediated
deviations from bulk stoichiometry within these regions. According to formulae (47)-(49), large cations substitute small anions O2- within grain boundary cores (Fig. 32), resulting in creation of an excess positive charge density Qgb (>0) of such cores.
The concentration of cations within grain boundary cores, resulted from the substitution processes
in question, weakly deviates from the bulk concentration. Actually, if the substitution does not occur,
the concentration of cations within grain boundary
cores is lower than that in the bulk phase due to a
low atomic density inherent to the grain boundary
phase. The substitution of small oxygen anions by
relatively large cations of other elements of a
cuprate results in an increase of the initially low
concentration of cations up to value close to the
bulk concentration of cations. This is why experiments often do not reveal deviations from the bulk
concentration of cations within grain boundary
cores. At the same time, in accordance with our
model, grain boundary cores should be deficient in
oxygen, giving rise to the excess positive charge
density Qgb. The oxygen concentration is experimentally measured with large errors [125] (due to
low atomic weight of oxygen), in which case deviations from bulk concentration of oxygen within grain
boundary cores may be not detectable in experiments.
In order to screen the excess positive charge
density Qgb, hole depletion zones characterized by
an excess negative charge density Qz ( < 0) are
formed in vicinities of grain boundary cores (Fig.
32). Such hole depletion zones have been detected
in electron energy loss spectroscopy experiments
[127,145,146]. Due to high sensitivity of high-Tc
superconductivity to stoichiometry and hole concentration [162], it is natural to treat the grain boundary cores and hole depletion zones in their vicinities as non-superconducting regions responsible
for suppression of critical current density Jc across
grain boundaries in cuprates.
Let us discuss the effect of stoichiometric and
electric-charge inhomogeneities within and near
grain boundary cores (Fig. 32) on the critical current density Jc across tilt boundaries in cuprates.
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The superconducting properties of cuprates are
experimentally revealed to be suppressed by even
weak deviations from the ideal (optimum) stoichiometry corresponding to maximum critical transition temperature Tc [162, 166, 167]. Also, electriccharge inhomogeneities strongly suppress the superconducting critical current; see discussion in papers [129, 133-136]. Therefore, it is natural to treat
the regions with “non-ideal” stoichiometry and electric-charge inhomogeneities within and near grain
boundary cores (Fig. 32) as non-superconducting
ones.
According to the theory of electron pairs tunneling in superconductors (see, e.g. [168,169]),
reduction of the critical-current-density across a
non-superconducting layer is approximately described by factor exp{-h/ξ}. Here h denotes the layer
thickness and ξ the characteristic decay length
which can be the tunneling length for insulating
grain boundaries or the proximity length for metallic grain boundaries (which is close to the coherence length).
Parallel with stoichiometric and electric-charge
inhomogeneities, additional geometric factors are
capable of affecting the critical current density
across tilt boundaries. Thus, recently, the symmetry of the order parameter in many high-Tc superconductors has been experimentally recognized as
being dx2-y2 [170-175] or dx2-y2 mixed with an s-wave
component [176]. The dx2-y2 symmetry causes a dependence of the critical-current density Jc(α) across
a grain boundary on boundary misorientation α and
orientation of boundary plane relative to adjacent
grains [133, 177, 178]. With this taken into consideration, the faceted microstructure of tilt boundaries, that is often detected experimentally (see,
for instance, [158,179-182]), also influences the
transport properties of tilt boundaries in high-Tc
superconductors.
With description [178] of the influence of d-symmetry and grain boundary faceting on Jc taken into
account, one finds that the combined effects of dilatation-induced stoichiometric and electric-charge
inhomogeneities, dx2-y2 symmetry and faceting
cause the following angular dependence of Jc in
the case of [001] tilt boundaries [144]:

J c (α )
J c ( 0° )

≈
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<
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Here αm (m =1,2) is the smallest angle between
the grain boundary Hplane and a principal crystalloH
graphic axis (a or b ) of adjacent grain m (α1 + α2
= α, and < ... >F denotes the averaging that takes
into account the faceted boundary microstructure
(for details, see paper [178]). h(y) denotes the thickness of the regions with stoichiometric and electric-charge inhomogeneities (Fig. 32), y denotes
the coordinate along grain boundary plane.
The angular dependence of Jc – curve 1 in Fig.
33 – attributed to the combined effects in question
has been calculated with the help of formula (50);
see [144].In doing so, for high-angle (α ≥ 20°)
boundaries, h has been taken as H ≈ 3 nm. For
low-angle (α ≤ 19°) boundaries, the scale h has
been choosen, according to Fig. 32a, as y-dependent thickness of boundaries composed of lattice
dislocation cores and their vicinities with “non-ideal”
stoichiometry and charge density, that are characterized by diameters 2R ≈ 3 nm. (In this case
interspacing between periodically arranged lattice
dislocations composing low-angle boundaries (Fig.
32a) depends on α as [161]: 2d = bsin(α/2), where
b is the magnitude of the dislocation Burgers vector.) In the intermediate range of α from 19° to 20°,
h has been taken as interpolation of corresponding values of h for low- and high-angle boundaries.
Results of the averaging <...>F have been taken
from paper [178] where the averaging procedure
is discussed in detail. ξ has been taken as 1.5 nm.
This corresponds to the coherence length in [001]
planes that carry the current [162]. (In general,
various values of ξ are discussed in scientific literature. In paper [132] the length ξ has been taken
as that close to the coherency length (≈ 1.5 nm). In
papers [127,169] ξ has been taken as ≈ 0.13 nm.
The model [144] uses value of ξ ≈ 1.5 nm as that
giving the most effective correspondence to experimental data with the angular dependence of the
critical current density across grain boundaries.)
The theoretical dependence Jc(α) (curve 1 in
Fig. 33) [144] is in a satisfactory agreement with
experimental data [121-124] (curve 2 in Fig. 33)
for YBaCuO superconductors. This allows one to
think that the idea on the combined effects of dilatation-induced stoichiometric and electric-charge
inhomogeneities, dx2-y2 symmetry of the superconducting order parameter and the faceted microstructure of grain boundaries is effective in description of the dramatic distinction between the transport properties of low- and high-angle boundaries.
Now let us discuss the doping of polycrystalline
high-Tc cuprates, which is capable of strongly in-
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Fig. 33. Angular dependences of the critical
current density Jc across [001] tilt boundaries.
Dashed curve 1, according to formula (50), is
attributed to the combined effects of stoichiometric
and electric-charge inhomogeneities, d x2-y 2
symmetry and the faceted microstructure of tilt
boundaries. The experimentally detected [121124] angular dependence of Jc is shown,
according to [178], as solid curve 2.

fluencing the critical current densities Jc across
grain boundaries. The remarkable experimental
fact in this area is a record enhancement of Jc (by
about a factor of 8) in Ca-doped YBaCuO superconductors [136].
In the framework of the model [144], doping can
decrease value of Qgb and, therefore, enhance values of Jc across grain boundaries in the following
cases: (A) valency v~ of dopant cations is lower
than that (vk) of host cations; (B) radius ~
r of dopant
cations is larger than that (r) of host cations. In the
case (A) the excess charge Qgb decreases directly
due to the doping-induced decrease of the sum
charge of cations within grain boundary core. In
the case (B) the doping decreases the effect of
dilatation stresses. That is, substitution of relatively
small host cations by relatively large subsitute cations results in an increase of the atomic density
within grain boundary cores. As a corollary, dilatation stresses associated with grain boundary cores
are decreased, in which case so is the driving force
for diffusional exchange of cations and oxygen
anions within boundary cores, thus decreasing Qgb.
In context of the former mechanism (A) of the influence of doping on the critical current density Jc
across grain boundaries, the Ca-doping of
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YBa2Cu3O7-δ bi-crystals results in the experimentally detected [136] Jc enhancement due to the following. Commonly Ca2+ cations substitute Y3+ cations in YBaCuO cuprates [183]. This gives rise to
a decrease of the excess positive charge density
Qgb, associated with Ca2+ → Y3+ substitution in grain
boundary cores, and, as a corollary, to the Jc enhancement.
In context of point (A), it is potentially interesting to experimentally test the effect of Na-doping
on Jc in bi-crystalline YBaCuO. Actually, Na1+ cations substitute Y3+ cations in YBa2Cu3O7-δ cuprates
[184]. This non-isovalent doping can substantially
decrease Qgb and, therefore increase Jc in bi-crystalline Y1-xNaxBa2Cu3O7-δ superconducting cuprates.
Recently, high-quality c-axis twist boundaries
have been fabricated in BiSrCaCuO superconductors, that exhibit the enhanced transport properties [153-155]. These twist boundaries carried critical current as high as their constituent single crystals (adjacent grains), regardless of the
misorientation angle [153-155]. The specific structural feature of high-quality twist boundaries is the
zero thickness of boundary core. That is, the twist
boundaries are atomically intact and clean, with no
detectable c-axis spacing increase or chemical
changes between the BiO double layers [153, 154].
A direct consequence of the zero thickness of highquality twist boundary cores is the fact that there
are no dilatation stresses associated with such
cores. In context of the model [144], it means that
high-quality twist boundaries should not affect the
critical current density. The aforesaid is in correspondence with experimental data [153-155].
Now let us briefly discuss the effect of grain
boundary dislocations on stoichiometric
inhomogeneties in vicinities of grain boundaries
along boundary planes. According to the model
[144], such inhomogeneities in the bulk phase adjacent to grain boundary cores are resulted from
the bulk diffusion driven by stress fields of grain
boundary dislocations. To do so, the bulk diffusion
should be intensive, at least, during the synthesis
of a cuprate. The situation in question comes into
play, in particular, if a cuprate is synthesized at
highly non-equilibrium conditions (say, by fast sintering technique). In this circumstances, the most
mobile ions in the bulk of high-Tc superconducting
YBaCuO and BiSrCaCuO cuprates are ions, Cu
and O, because they are small compared to other
ions and, therefore, are characterized by a low
activation energy for their motion in a crystalline
lattice. The ion volume of copper VCu is larger than
that of oxygen VO, in which case comparatively large
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ions Cu (small ions O, respectively) move to regions where tensile (compressive, respectively)
stresses exist that are created by grain boundary
dislocations.
As with low-angle boundaries consisting of lattice dislocations (Fig. 32a), high-angle boundaries
(Fig. 32b) commonly contain grain boundary dislocations, e.g. [161]. Both low- and high-angle boundary dislocations create spatially inhomogeneous
dilatation stress fields outside grain boundary cores.
Spatial arrangements of grain boundary dislocations in solids, after relaxation of their grain boundary structures, are close to periodic: they are periodic, quasiperiodic [161,185,186] or weakly disordered [187,188]. Dislocations arranged in a tentatively periodic way along grain boundary force tentatively periodic modulations of dilatation stress
fields and, therefore, tentatively periodic modulations of “non-ideal” stoichiometry in the case of intensive bulk diffusion. Such tentavively periodic
modulations of “non-ideal” stoichiometry have been
observed experimentally in vicinities of grain boundaries in YBaCuO superconductors fabricated by
sintering technique [147]. Their theoretical description in the framework of the idea on the crucial role
of grain-boundary-induced dilatation stresses on
stoichiometric inhomogeneities has been done in
paper [144].
Thus, the combined effects of dilatation-induced
stoichiometric and electric-charge inhomogeneities
at grain boundaries, dx2-y2 symmetry and grain
boundary faceting account for the experimentally
observed reduction of the critical current density Jc
with increasing grain boundary misorientation angle
and existence of hole-depletion zones in vicinities
of grain boundaries in high-Tc superconductors as
well as existence of deviations from bulk stoichiometry near grain boundaries and variations of the
superconducting properties along grain boundary
planes in cuprate samples fabricated at highly nonequilibrium conditions. Also, the representations on
these effects can be used in understanding the
nature of the enhancement of Jc across high-quality twist and doped grain boundaries in cuprates.

16.4. Effects of misfit stresses on the
structure and transport
properties of low-angle tilt
boundaries in polycrystalline
superconducting films.
Following [41, 46, 51] (see also sections 4 and 5 of
this review), grain boundary dislocations in polycrystalline films can play the role as misfit defects
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Fig. 34. Transformation of the low-angle boundary
structure from initial state (a) with misorientation
θ1 to final state (b) with misorientation θ2 (<θ1).
compensating for, in part, misfit stresses generated at interphase boundaries. In doing so, misfit
stresses influence the grain boundary structures
which, therefore, are different from those in bulk
materials. Let us consider this effect of misfit
stresses in the examplary case of a low-angle tilt
boundary composed of lattice dislocations of the
edge type in a polycrystalline thin-film cuprate. Let
the grain boundary dislocations be parallel with the
interphase boundary plane and be periodically arranged in some initial state of the as-synthesized
polycrystalline film (Fig. 34a); and the dislocations
provide misorientation of the adjacent grains of the
film and do not contribute to relaxation of misfit
stresses. In particular, it means that misorientation
θ1 of the grain boundary in its initial state is consistent with misorientations, θ’ and θ”, of interphase
boundary fragments adjacent to the grain boundary (Fig. 34a). That is, θ1 = -θ’-θ’’.
Let us consider, following paper [189], a transformation of the low-angle boundary from its initial
state with misorientation θ1 (Fig. 34a) into a state
with misorientation θ2 (<θ1) (Fig. 34b). The transformation occurs via climbing of m (m ≥ 1) grain
boundary dislocations towards the film free surface,
where these dislocations disappear. Due to the
transformation, the low-angle boundary acquires
an “uncompensated” dislocation density associated
with difference ∆θ = θ2 - θ1 between its misorien-

tations in final and initial states. The low-angle
boundary with the uncompensated dislocation density creates stress fields which compensate for, in
part, misfit stresses [41,46,51]. As a corollary, the
transformation of the boundary structure (Fig. 34)
is driven by a release of misfit stresses in the film.
Let us examine the energetic characteristics of
the transformation (Fig. 34) with the assumptions
that (i) the film contains identical low-angle boundaries periodically spaced along the interphase
boundary; and (ii) dislocations that compose the
low-angle boundaries in their final state (after the
transformation) are arranged periodically. In the
framework of the suggested approximation, the
transformation of the low-angle boundary dislocation structures (Fig. 34) is equivalent to the formation of the periodic row of misfit disclinations (rotational defects each is characterized by strength
θ = θ2-θ1 < 0) at the interphase boundary, whose
stress fields compensate for, in part, misfit stresses;
for more details, see [41, 58] and section 6 of this
review. In the following, for definiteness and the
sake of simplicity, we restrict our consideration to
the case with one-dimensional misfit parameter
f = (as - af)/as > 0, where as and af are the crystal
lattice parameters of the substrate and the film, respectively. Also, the thin film and the (model) semiinfinite substrate are assumed to be isotropic and
characterized by the same values of the shear
strength G and the same values of Poisson ratio ν.
In these circumstances, following calculations [58]
(see also section 6 of this review), the energy density change ∆E ω related to the formation of the misfit
disclination row is given by formulae (15) and (16).
It depends on the film thickness h, the distance l
between neighbouring misfit disclinations, and ra~
tio h = h/l (see formulae (15)and (16)).
The energy density ∆Eb ≈ mGb2/4π(1-ν)l characterizes the core energy density of m dislocations
with Burgers vectors b, disappeared during the
transformations of grain boundary structures (Fig.
34). From geometry of a transformed low-angle
boundary, we have the following relationship between its parameters: mb ≈ h |ω| at |ω| << 1. With
this relationship, ∆E ω (given by formulae (15) and
(16)) and ∆Eb taken into account, we find the energy density change ∆E related to the transformation (Fig. 34) to be as follows:

LM m ΦF h I −
∆E = E − E =
HlK
4 π(1 − ν) N h
~
4 πf mh mb O
−
−
,
l
l PQ
Gb

2

1

2

2

(51)
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where E1 (E2) is the energy density of the film with
the low-angle boundary in its initial (final, respectively) state. In the wide ranges of parameters characterizing the film, ∆E < 0 (for details, see paper
[189]), that is, the misfit-stress-induced transformation (Fig. 34) is energetically favourable.
According to experimental data [123,190], the
critical current density across [001] tilt boundaries
in YBa2Cu3O7-δ superconductors at temperature
T = 4.2K depends on boundary misorientation θ
tentatively as follows:

LM θ OP,
N θQ

J c ( θ ) = J bulk exp −

(52)

0

where θ0 ≈ 6.3°, the typical bulk current density
Jbulk ≈ 2.107 A/cm2, and θ ranges from 0° to 45°.
Owing to the highly non-linear character of dependence Jc(θ) given by formula (52), we find that the
misfit-stress-induced transformation of the lowangle boundary structures (Fig. 34) enhances the
critical current density across low-angle tilt boundaries in superconducting films. Ratio of the critical
current density (Jc(θ2)) across the low-angle boundary in its final state to that (Jc(θ1)) in its initial state
is given as: Jc(θ2)/Jc(θ1) = exp[(θ1-θ2)/θ0]>1, for
θ2 < θ1.
The misfit-stress-driven transformations of tilt
bouindary structures (Fig. 34) require grain boundary dislocations to climb towards the film free surface, in which case the dislocations should overcome some energetic barriers related to emission
or absorption of point defects at the dislocations
cores [42]. Pressure and thermal treatment are
capable of enhancing the climbing of dislocations
and, therefore, according to our model, increasing
Jc. In this context, recent experimental data [191]
on a significant enhancement of Jc by hot pressing
in Bi-2223/Ag multifilamentary tapes can indicate
in favour of the model suggested in this paper.
In the framework of the model [189], tilt boundary structures have been assumed to be transformed into those with misorientation parameters
being constant along boundary planes. In general,
however, the influence of misfit stresses on spatial
positions of grain boundary dislocations in a film
varies along the boundary; the effect is strong in
vicinity of the film/substrate boundary and becomes
weaker as the distance from the film/substrate
boundary increases. This is related to the fact that
a contribution of a (misfit) dislocation to relaxation
of misfit stresses decreases, when the distance
between the dislocation and the film free surface

decreases. In paper [192] a theoretical model has
been suggested describing spatially inhomogeneous distributions of dislocations at grain boundaries in films, resulted from the effect of misfit
stresses. The model [192] predicts a high (moderate, respectively) enhancement of Jc near the film/
substrate boundary (the film free surface, respectively). This is in agreement with experimental data
[156] indicating that the most supercurrent in
BiSrCaCuO tapes deposited onto silver sheets
flows through the thin layer next to the interphase
boundary.
Thus, according to results of theoretical analysis given in papers [189,192], misfit stresses are
capable causing structural transformations of tilt
boundaries, that enhance the critical current density across such boundaries in high-Tc superconducting thin-film cuprates. This potentially allows
one to use technologically controlled parameters
(misfit parameters, crystallography of interphase
boundary, film thickness) of film/substrate systems
in synthesis and design of high-Tc superconducting films with enhanced transport properties.

16.5. Stress fields and structural
transformations of grain
boundaries in high-Tc
superconductors
In general, grain boundaries in high-Tc thin-film and
bulk superconductors can undergo structural transformations induced by their intrinsic stress fields
(see experimental data [96, 125, 127, 157-160, 179182, 193-199] and theoretical models [200, 201]).
Such transformations dramatically change grain
boundary core structures and cause re-distribution
of stress fields in vicinities of grain boundaries, in
which case, they are capable of strongly influencing the critical current density across grain boundaries. Thus, as it has been revealed in the experiments [157], the structure of low-angle [100] tilt
boundaries in YBa2Cu3O7-δ superconductors drastically changes with boundary misorientation α. So,
in contrast to conventional situation with low-angle
tilt boundaries consisting of periodically spaced
perfect (lattice) dislocations, for α ≈ 5° [100], tilt
boundaries represent walls of split dislocation configurations each consisting of three partial dislocations of the edge type (Fig. 35a). The sum Burgers
vector of a split dislocation configuration is the crystal lattice vector B = (0,0,B) in conventional (a,b,c)crystallography of high-T c superconducting
cuprates, where B ≈ 1.17 nm. Each partial disloca-
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Fig. 35. Dislocation structures at low-angle tilt
boundaries in high-Tc superconductors: (a) split
and (b) amorphous dislocation structures.

tion composing a split dislocation configuration (Fig.
35a) is characterized by Burgers vector b =(0,0,b)
with b being equal to B/3. The neighbouring partial
dislocations in the boundary with θ ≈ 5° are distant
by tentatively 12b.
Low-angle [100] tilt boundaries with θ ≈ 7°represent walls of dislocation configurations with amorphous cores having triangle-like sections [157] (Fig.
35b). Such “amorphous” dislocation configurations
as elements of low-angle boundaries provide
misorientation of adjacent crystalline grains in
YBa2Cu3O7-δ superconductors and are characterized by Burgers vectors of the (0,0,B) type [157].
In paper [201] a theoretical model has been
elaborated describing the structural transformations
of low-angle tilt boundaries in high-Tc superconductors (Fig. 35). In the framework of the model
[201], the trnasformations (Fig. 35) are driven by a
release of intrinsic stresses of dislocations composing such boundaries.



Grain boundaries in high-Tc superconducting
films and bulk materials often posses the faceted
microstructure; see, e.g., [96, 125, 158, 179-182].
In many cases, grain boundaries in thin-film and
bulk materials exhibit respectively “wavy” (non-equilibrium) and saw-tooth-shaped (equilibrium) faceted
microstructures. Dislocations along individual facets of grain boundaries frequently are
inhomogeneously distributed; certain types of dislocations repeatedly are grouped near the facet
centers and ends [158]. These structural peculiarities of grain boundaries in high-Tc superconductors are naturally viewed to be related to intrinsic
stresses induced by boundary dislocations. However, for the unambigious identification of the reasons causing these structural peculiarities of grain
boundaries in high-Tc cuprates, their further detailed
theoretical and experimental studies are desired.
The critical current density Jc across low-angle
tilt boundaries in high-Tc superconductors drastically decreases with boundary misorientation angle
α in the range from 0° to tentatively 15° [121-127].
Current models of the grain boundary effect on
high-Tc superconductivity are based on the representation of low-angle tilt boundaries as walls of
perfect dislocations (Fig. 32a). However, in the light
of both experiments [96, 125, 127, 157-160, 179182, 193-199] and theoretical models [200,201],
the transformations of low-angle tilt boundaries
should be definitely taken into consideration of the
effects of grain boundary stress fields and core
structures on high-Tc superconductivity.

17. CONCLUDING REMARKS
Thus interfaces in nanostructured and polycrystalline films are characterized by the specific structural and behavioral features associated with generation and evolution of misfit defects in such films.
So, in general, interphase boundary between a
nanocrystalline (or polycrystalline) film and a single
crystalline substrate is partly coherent, semi-coherent and incoherent; it consists of coherent, semicoherent and incoherent fragments (Fig. 3). Also,
the elastic interaction between grain boundary defects and interphase boundaries in nanocrystalline
(or polycrystalline) film/substrate composites
causes grain boundary defects – dislocations and
disclinations - to serve as misfit defects compensating for misfit stresses. The formation of grain
boundary defects as misfit defects does not induce
any extra violations of the interphase boundary coherency. It is desired, from an applications viewpoint, in situation with interphase boundaries used
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as functional elements. The action of the mechanisms discussed is most effective in nanocrystalline
films where the volume fraction of the grain boundary phase is extremely high and grain boundary
defects (capable of playing the role as misfit defects) are intensively generated. The effective contribution of grain boundary defects to relaxation of
misfit stresses in nanocrystalline films explains the
experimentally documented (see discussion in paper [50]) fact that residual stresses are low in
nanocrystalline coatings synthesized by thermal
spray methods.
One of the specific structural and behavioral
features of interphase boundaries in nano-layer/
substrate composites (Fig. 1c) is the experimentally observed [81-85] enhanced formation of partial MDs associated with stacking faults. Partial
MDs (Fig. 24) transform into perfect MDs with increase of film thickness. This statement resulted
from theoretical analysis [86] (see also section 10)
is in agreement with experimental data [85] indicative of the fact that density of perfect MDs increases
and density of partial MDs decreases with increase
of film thickness.
Interphase-boundary-induced misfit strains are
theoretically revealed to play the important role in
phase transformations in nano-layered composites
(see sections 11-13). In particular, the effect of misfit
strains causes the experimentally revealed [92] existence of the minimal critical thickness hcam for the
amorphization in Ni/Ti multilayer composites.
The growth of nano-islands on a composite
(two-layer) substrate with MDs at an internal interphase boundary (Fig. 30) is an effective method
for fabrication of spatially ordered ensembles of
nano-islands (e.g., quantum dots). Due to elastic
interaction between nano-islands and MDs, spatial positions (and generally speaking, size and
shape) of nano-islands are highly sensitive to the
characteristics of the dislocated composite substrate. This potentially allows one to design arrangements of nano-islands with desired functional characteristics on a composite substrate, using technologically controlled parameters (materials of layers composing the two-layer substrate, thickness
of the “upper” layer, etc.) of the substrate.
Grain boundaries in high-Tc superconducting
films and bulk materials dramatically suppress the
critical current density J c . The physical
mechanism(s) of this phenomenon is(are) the subject of controversy. In particular, the behavior of
grain boundaries in high-Tc superconductors can
be associated with the combined effects of dilata-
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tion-induced stoichiometric and electric-charge inhomogeneities at grain boundaries, dx2-y2 symmetry and grain boundary faceting. These effects account for the experimentally observed reduction of
the critical current density Jc with increasing grain
boundary misorientation angle and existence of
hole-depletion zones in vicinities of grain boundaries in high-Tc superconductors as well as existence of deviations from bulk stoichiometry near
grain boundaries and variations of the superconducting properties along grain boundary planes in
cuprate samples fabricated at highly non-equilibrium conditions. Also, the representations on the
effects discussed can be used in understanding
the nature of the enhancement of Jc across highquality twist and doped grain boundaries in
cuprates. Misfit stresses in high-Tc superconducting polycrystalline films are capable of strongly influencing the structure and transport properties of
grain boundaries in such films.
The specific structural and the behavioral features of interfaces and misfit defects in
nanostructured and polycrystalline films cause the
specific effects of such interfaces on the macroscopic properties of such films. These effects
should definitely be taken into account in experimental research and theoretical description of the
structure and behavior of nanostructured and polycrystalline films.
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