
100 R.G. Chembarisova, M.I. Latypov and I.V. Alexandrov

© 2012 Adva_ced Study Ce_ter Co% Ltd%

Rev. Adv. Mater. Sci. 31 (2012) 100-108

Corresponding author: I.V. Alexandrov e-mail: iva@mail.rb.ru

KINETIC  MODELLING  OF  FLOW  STRESS  OF
METALS  AND  ALLOYS  PROCESSED  BY  SEVERE

PLASTIC  DEFORMATION

R.G. Chembarisova, M.I. Latypov and I.V. Alexandrov

12, Karl Marx, Ufa State Aviation Technical University, Ufa, 450000, Russia

Received: April 20, 2012

Abstract. Basing on the kinetic modeling, the quantitative evaluations of activity of mechanisms,
affecting the strength properties to explain the deviations from the Hall-Petch law towards the
greater side in the area of small grains, have been made. The income of each strengthening
mechanisms has been evaluated. It has been shown that the grain size and the pinning of
dislocations by Mg atoms in the grain boundaries area are the main factors that enhance the
alloy strength. The obtained results can be helpful for predicting the mechanical properties of
materials.

1. INTRODUCTION

Understanding of the mechanisms that determine
deformation behavior of metals and alloys as their
control is a topical issue. The correlations describ-
ing plastic deformation behavior of metallic materi-
als are built on the basis of dislocation conception.
Static and dynamic experiments are effectively de-
scribed from the point of view of the kinetic approach.
This approach is based upon the investigation of
inner microscopic processes that take place in
metals and alloys during their deformation and con-
trol their non-elastic behavior with contribution of
dislocations, as well as the other, in particular, point
defects of a crystal lattice. Thus, the processes of
emission, further movement and annihilation of dis-
locations are taken into consideration. Presently,
there are plenty of experimental data for determina-
tion of dislocation density, rate and geometry of their
slip, concentration of point defects [1, 2], which can
be used in modeling.

Kinetic modeling allows considering the proper-
ties of a certain material suffering the plastic flow.
Herein, the comparison of the modeling results and

corresponding experimental data allows determin-
ing the kinetic parameters involved into analytical
correlations.

The kinetics of dislocations and point defects
described in terms of average parameters, charac-
terizing their evolution on the microscopic level, is
connected with macroscopic parameters that char-
acterize the environment behavior on the whole. In
paper [3] Taylor considered the plastic deformation
as the result of dislocation movement, while strength-
ening is the result of dislocation density increase
due to their multiplication and the following locking
by the obstacles of dislocation origin. From the
Cottre]]’s poi_t of view [1], impurity atoms ]ock dis-
locations as well, which leads to additional material
strengthening.

Recently, the kinetic approach has been fre-
quently used in respect to metallic materials sub-
jected to severe plastic deformation (SPD) to ana-
lyze the mechanisms operating in deformation
strengthening and to explain the peculiarities of
deformation behavior of bulk ultrafine-grained (UFG)
materials [4-7]. The plastic behavior of metals and
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alloys is investigated in a wide range of deformation
rates and temperatures. The principle models ap-
plied to solve the assigned problems are the up-
graded mode]s of Estri_-Tóth a_d Zehetbauer [8-
11], which can be useful for predicting material prop-
erties during their exploitation.

It is a common knowledge that the strengthen-
ing properties of materials can be varied by struc-
ture refinement, dynamic ageing, precipitation of
particles of the 2nd phase, segregations of atoms
along the grain boundaries (GBs). For instance, the
authors of the papers [5,12] have obtained high val-
ues of yie]d stress i_ the A] 1570 (A]–5%7Mg–
0%32Sc–0%4M_, wt%%  a_d A] 6061 (A]–1%0Mg–0%6Si–
0%3Cu–0%25Cr–0%15M_–0%7Fe–0%25Z_–0%15Ti, wt%% 
alloys subjected to high pressure torsion (HPT) at
room temperature (RT). During the experimental
research of the structure of Al alloys, subjected to
SPD and showing fair (in case of the Al 6061 alloy)
or very high (in case of the Al 1570 alloy) strength,
the deviations from the Hall-Petch (HP) law have
been revealed [13,14]. Thus, the segregations have
been found along the GBs. The authors of the works
[5,12] reasonably assign a key part to segregations
in developing the ultra-high-strong states mentioned
above. The same factors can be responsible for the
development of a super-strong state in Ti, which have
been demonstrated by the authors of the paper [15]
o_ the examp]es of Ti Grade 4 samp]es (Ti – base,
C – 0%052,  O – 0%34, Fe – 0%2, N – 0%015, wt%% %

In the present work on the Al 1570 alloy example
quantitative evaluations of activity of mechanisms
affecting the strength properties have been made to
explain the deviations from the HP law towards the
greater side in the area of small grains.

2. THE MODELING CONCEPT

2.1. Strengthening mechanisms

2.1.1. The superposition of
strengthening mechanisms

The following strengthening mechanisms are con-
sidered to be operating in the alloys: work harden-
ing p, solution hardening c [16], precipitate hard-
ening f [17], lattice friction 0 (the power of Peierls-
Nabarro [2,18]). These mechanisms interact with
each other in a certain way. Their combination may
be simple as well as complicated, when each
mechanism has an effect on others. Various rules
of superposition are mentioned in literature [16,19].
The most common and simple one is the linear ad-
dition

i
,  (1)

where  is the overall flow stress or the yield stress,

i is contribution of i-th mechanism.
The linear sum provides a good approximation

with a small number of hard obstacles as well as
with a large number of soft obstacles in the mate-
rial. In the present model the simplest linear addi-
tion will be assumed as good approximation. That
is because, for example, the lattice friction and sol-
ute obstacles are acting along the whole disloca-
tion line, while a dislocation moves in the crystal
lattice.

The equivalent single-axis flow stress of a poly-
crystal was derived from the theoretical critical re-
solved shear stress  in order to compare the latter
with the experimental yield stress obtained by ten-
sile tests. In order to do that, the following general
expression is used [16]:

M ,  (2)

where M is the co_sta_t ca]]ed the Tay]or’s factor%
In this paper a value of 3.07 is assumed for the
Tay]or’s factor [19]%

The plastic deformation is determined accord-
ing to the dislocation conception. That is why a well-
known correlation between the flow stress p, con-
ditioned by the dislocation interaction with each
other, and the dislocation density tot [19,20] has
been used in the developed model:

p tot
Gb 1/ 2,  (3)

where  – the coefficie_t, co_sideri_g the therma]
activation of dislocation interaction, G –  the shear
modulus, b – the Burgers vector% I_ this case i_-
crease in the flow stress during  deformation is due
to dislocation accumulation. The HP relation within
the framework of the classical model of work hard-
ening results from this relationship for coarse-grained
(CG) materials.

Work hardening of crystalline material deter-
mined by dislocation-dislocation interaction is given
by the Tay]or’s re]atio_ship (3 % This re]atio_ship
accounts change in the average dislocation density
due to dislocation generation, multiplication and an-
nihilation during plastic deformation [1,18,21,22]. In
metallic materials dislocations interact with each
other during their motion as well as with other lat-
tice defects that retard dislocation motion. Disloca-
tions need an additional input of energy for further
advance, and this results in work hardening.

The present model was constructed basing on
most probable hardening mechanisms that were
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determined according to experimental data concern-
ing microstructure of aluminum alloys.

2.1.2. The dislocation pinning by
atmospheres of impurity atoms

The edge dislocation is surrounded by the Cottrell
atmosphere from the solute atoms [1]. Bonding
energy of a positive edge dislocation with an impu-
rity atom in a simple case of purely hydrostatic in-
teraction is equal to work due to inserting a solute
atom of radius RS instead of a matrix atom of radius
Ra that results in a volume change dV = 4 (

s
R 3 -

a
R 3)/3 at the point with coordinates ( ,r) under local
pressure P = ii /3:

W P r V( , )d .  (4)

The individual volume of an impurity atom is so
small, that it is possible to assume that P = const.
Considering the components of stress tensor ii for
the edge dislocation, it is possible to accept the
following:

Gb
P

r

1 sin
.

1 3




 (5)

Taking into account the only linear component
= (RS - Ra)/Ra in the Taylor series expansion, one

can assume the excess volume as dV = 4
a

R 3 /3.
As a result, the interaction energy is expressed as:

a
W R Gb

r r

34 1 sin sin
.

9 1




 (6)

Here the coefficient

a
R Gb34 1

.
9 1





 - is the angle between the radius-vector r  and
the direction of the dislocation slip x (Fig. 1).

In case of a substitutional solute atom, Ra is the
radius of the matrix atom, in case of interstitial so-

lution, it is the radius of a sphere that would not
cause volume distortions in the solute atom site.
The formula (6) has been obtained in suggestion of
elastic interaction of dislocation with an impurity
atom and cannot be used in the inner area of a dis-
location core, where the theory of elasticity of con-
tinuous medium cannot be applied. The divergency
in the area r 0 is excluded by introducing the
dislocation core of the size of a few interatomic dis-
tances. However, referring to the gradient elasticity
theory, which considers second derivatives from the
strai_ te_sor i_ the Hook’s ]aw a_d describes the
stress fields allows reducing singularity at r 0.

Within the gradient theory the elasticity one gets
abstracted from the atomic crystal structure, con-
sidering it as a continuous medium. To model the
interaction of an edge dislocation with an impurity
atom, the impurity atoms are considered to be the
dilatation centers, and the dislocation line is con-
sidered as the dislocation model. The substitution
of the traditio_a] Hook’s ]aw, which is true i_ the
linear elasticity theory, by its gradient modification
allows reducing the divergences from the fields of
elastic strains. This fact, in its turn, brings to their
reduction from the relations for elastic energies of
dislocations [23].

The characteristic length equal to 1.25a, where
a – is the parameter of a crysta] ]attice, direct]y
appears in the gradient elasticity theory, which can
be considered as the radius of dislocation core. This
allows making calculations without a simulated in-
troduction of the radius cutting of elastic field on the
dislocation core and the separate consideration of
the core energy.

The authors of the paper [23] derived expres-
sions for stress fields of structural defects, the ac-
counting of which brings to the change of expres-
sion for the interaction energy between the edge
dislocation and an impurity atom [1,24]. Taking into
consideration the components of a stress tensor in
the gradient elasticity theory, the energy is given by

r
K

sW
r s

11
sin .




 (7)

The direction of the Burgers vector corresponds
to the angle = 0. The gradient coefficient s
a/4 for the edge dislocation. K1 is the modified
Besse]’s  fu_ctio_ of the seco_d type of the first
order. The extreme value of dimensionless energy
W s /  of interaction at = 3 /2 is achieved at

Fig. 1. The location of atoms in a frozen solute at-
mosphere in relation to the displaced dislocation
are characterized by the radius-vector  and the
angle .
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r / s 1.115. This extreme value is the least negative value corresponding to the maximum value of the
bonding energy at = 3 /2. The substitution atoms with RS > Ra and all the interstitial atoms are attracted
to the area under the edge of an extraplane.

Solute atoms adsorbed along dislocations increase the resistance of plastic deformation and strengthen
the material [1,19]. A dislocation pinned by solute atmospheres requires increment in stress for its further
motion. If such a stress S cannot be reached, the dislocation becomes blocked and does not contribute to
plastic deformation anymore. In both cases the strain resistance increases up to the break-off of this
dislocation or up to multiplication of others [19].

An uniform distribution of concentration of the point defects surrounding the dislocation is described by
the expression

W
c c

kT
0

exp , (8)

where k – the Bo]zma__ co_sta_t, c0 - the concentration of impurity atoms at the distance from dislocation.
During the dislocation motion from the fixed cloud to the distance x    (Fig. 1), the total interaction energy of
dislocation with the solute atmosphere Wc per unit length of the dislocation line is [1]

c

r
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where r x rx2 2 2 cos . .
The stress per unit length required to displace a pinned edge dislocation by x is determined as a

derivative from the bonding energy W per unit length of dislocation [1]

s
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.  (10)
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(11)

where K s
0

/ - is the modified Bessel’s function of the second type of zero order,, L – the ]e_gth of
dislocation.

So, considering all the hardening factors the flow stress or yield strength of aluminum alloys is given by

c f s d s
Gb Gb1/ 2 1 / 2

0
.  (12)

The friction stress n during the interaction of moving dislocations with lattice defects and various ob-
stacles of non-deformation origin is of the form:

n c f s d s0
. (13)

The stress c is conditioned by the changes in the values of the crystal lattice parameter and the
elasticity modulus proportionally to the atomic impurity share [19].
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Deriving the Peierls-Nabarro stress 0 is quite
complicated. Calculations in literature for certain
structures [1,2] are rather qualitative and do not pro-
vide precise values [25]. Thus, this value is deter-
mined as in work [26] by subtraction of other com-
ponents of strengthening from the expression for
determination of the yield strength.

Since it is hard to obtain the stress values 0, c,
and f, a new term d was introduced in expressions
(12), (13). Mu]tip]yi_g by the Tay]or’s factor, this term
is expressed as

d c f0
.  (14)

The stress value d has been estimated from the
HP relation at d-1/2 0 using experimental data on
flow stress of the alloy. In the case of the alloy Al-
Mg 1570 d  220 MPa (Fig. 2).

2.2. The principal correlations of
dislocation kinetics

2.2.1. The limit of free dislocation path

If the grain size influences mainly the average
length of a free dislocation path, at a certain defor-
mation degree  the dislocation density tot in the
material is proportional to the value, which is oppo-
site to the average grain size d [9]:

tot

bCd

d 1
,

d
 (15)

where C – the co_sta_t%

2.2.2. The deformation incompatibility

Besides the limitation of dislocation free path, the
strain accommodation is the second reason that
deformation behavior of a polycrystal differs from that
of a single crystal [19]. Low plastic strains of a poly-
crystal start with independent dislocation slip in in-
dividual grains. In 40% of them slip is multiple from
the very beginning [19]. Even in the case of a single
slip the choice of the slip system is determined by
the stress fields caused by incompatibility of elas-
tic strains, not by the external stresses. Additional
slip systems should act here for deformation ac-
commodation in the boundary vicinity - the flow is
getting complicated, and strain in each individual
system is not uniform [19].

Accordingly, increase in the dislocation density
in a polycrystal (due to the presence of GBs) is a
result of GBs acting as barriers for dislocations and
deformation incompatibility. According to work [22]
dislocation accumulation due to the incompatibility

Fig. 2. The dependence diagram of the yield strength
on the grain size in power -1/2.1 – the yie]d stre_gth
of A] 1560 a_d 5083 a]]oys; 2 – the yie]d stre_gth of
a CG alloy 1570 without an additional hardening by
Mg atoms located along the GBs, the colored tri-
a_g]es – the experime_ta] va]ues (Tab]e 1 %

could be described by the expression, which is simi-
lar to the expression (15). For this reason the fol-
lowing term has been inserted into the equation of
dis]ocatio_ de_sity evo]utio_ to accou_t the GBs’
effect on the dislocation accumulation

tot

bd

*d

d
 (16)

with the coefficient  that is determined basing on
the experimental data.

2.2.3. Multiplication by the double
cross slip

In the model the possible increase of dislocation
density as a result of their multiplication by the
double cross slip has been considered as well.
Multiplication by double cross slip is described in
details in monographs [1,19]. A dislocation loop
formed by the cross slip in the plane parallel to the
initial one and pinned by jogs acts as a Frank-Read
source in the second plane. This is a significant
way of dislocation multiplication, because the source
appears as a result of dislocation slip.

There is distinct multiplication on the obstacles
of deformation and non-deformation nature. In both
cases the dislocation accumulation is determined
by the free dislocation path:

tot

f p
b b

*d 1 1
.

d  (17)
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The length of the free path between obstacles of
non-deformation origin (e.g. non-deformable precipi-
tates) P depends on the features of their distribu-
tion in the matrix such as size, volume fraction and
spacing. The same factors determine precipitate
hardening. For this reason, the following empirical
relationship between the critical resolved shear
stress due to precipitates and the mean free path
presented in [22] was used

n

p

b

G

21 2 10 . (18)

It is known that sessile dislocations are effec-
tive barriers for slip dislocations (Lomer-Cottrell bar-
riers) [18] and, hence, are also considered as ob-
stacles, on which multiplication by cross slip can
take place. The distance between the acts of cross
slip f was determined the same way as in work
[22], according to the expression obtained accord-
ing to the experimental data:

f

f f

1/ 2

1
.  (19)

where f is the coefficient of dislocations multiplica-
tion on forest dislocations of density f. In work [27]
it has been established that f  10-2 at high disloca-
tion densities.

The analysis of published data concerning the
reactions of dislocations in grain bodies and bound-
aries has shown that dislocation density decrease
during the deformation can take place as a result of
GBs “recovery” a_d a__ihi]atio_ of dis]ocatio_s of
opposite signs.

2.2.4. The annihilation of dislocations
of opposite signs

By the beginning of stage II of deformation harden-
ing the dislocation densities in primary and sec-
ondary slip systems become equal and increase
dramatically along with strain [28]. This leads to
annihilation of screw components of dislocation
loops at low and moderate temperatures. By the
beginning of stage III annihilation of screw disloca-
tions is mainly due to cross slip [28]:

rtot

a tot
k

t

d
,

d
 (20)

where ka - the coefficient of annihilation of screw
dislocations [29],  - the rate of the plastic defor-
mation. According to the experimental data [30,31],

the annihilation coefficient ka depends on the stack-
i_g fau]t e_ergy a_d varies as 2÷10 i_ the case of
FCC meta]s i_ the ra_ge of temperatures (0%1÷0%3 
Tm (Tm is the melting temperature).

2.2.5. Grain boundaries recovery

Non-equilibrium GBs formed by SPD contain high
density of extrinsic defects, have extra energy and
long range elastic stress. These non-equilibrium GBs
tend to a more stable state especially at elevated
temperatures. Absorption of lattice dislocations by
a grain boundary structure is one of the relaxation
processes. The annihilation of edge dislocations in
GBs is determined mainly by the time of pair anni-
hilation of dislocations of opposite signs:

gb

gb

kTd
t

D Gb

2

3
,

4  (21)

The grain boundary diffusion coefficient Dgb 

1.39 10-20 m2s-1 at T = 293K [5], T – the tempera-
ture. As a result, the dislocation density decreases
with the rate

tot tot

gb tot

gb

k
t t

d
.

d  (22)

The annihilation coefficient here kgb is determined
as kgb = 1/tgb .

In the model it was assumed that all the above
mentioned processes take place independently.
Then, their cooperative action leads to their linear
addition in the equation of evolution of dislocation
density, as it is described in work [21]. The equa-
tion describing change in the average dislocation
density with strain = M  is given by [22]:

tot

tot

P d

k
bd b b

d 1 1
,

d
 (23)

where k=ka+kgb.

3. THE RESULTS OF MODELING AND
THEIR DISCUSSION

The reported experimental data [13] concerning Al-
Mg alloys were used for modeling. A hot-pressed
a]]oy A] 1570 a__ea]ed at 380 °C for 2 hours was
considered as a CG state. For UFG states the an-
nealed alloy was subjected to following HPT at RT
(UFG state I , 100 °C (UFG state II , a_d 200 °C
(UFG state III) (Table 1) [5]. Tensile tests were car-
ried out at RT at a strain rate 10-4 s-1 [13].
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States d, nm , m-2 a, Å y, MPa u, MPA , %

CG 60 103 1.0 1011 4.0765±0.0001 231±9 376±10 17±1
UFGI 130±10 5.1 1014 4.0692±0.0003 905±31 950±35 4.7±0,3
UFGII 130±10 3.4 1014 4.0682±0.0002 865±25 890±18 4.0±0,4
UFGIII 210±7 5.6 1012 4.0685±0.0001 845±33 845±33 0

Table 1. The values of the parameters, obtained experimentally in paper [13].

The evaluations of the annihilation coefficient kgb

in case of UFG states carried out at d = 130 nm
and d = 210 nm bring to values of 1.70 and 0.65
respectively. Estimation of the length of the free dis-
location path p for the CG state brings to values,
which are one order less than the grain size, while
the value p is one order more in the UFG states.
This means that dislocations will get the GBs faster,
than their cross slip will happen. Thus, this mecha-
nism of dislocation multiplication will not contribute
into dislocation density accumulation in the UFG
material. The corresponding estimations have shown
that the dislocation multiplication mechanism on the
forest dislocations does not contribute into disloca-
tion accumulation both in the CG and in the UFG
states [5]. During the calculations it has been ac-
cepted that ka 2.1 [21], 1/b p  59.4 1013 m-2m-2,

d   220 MPa.
In case of the CG Al 1570 alloy treated by heat-

ing up to 380 °C [13], when the atoms of alloying
elements are well-distributed in a solid solution,
while the dislocation density is 1011 m–2 [13], we
consider that the offset yield strength is caused by
the dislocation hardening p, the solid solution hard-
ening c, the lattice resistance 0, hardening by the
disperse particles f :

c f

d

M Gb

M Gb

1/ 2

0.2 0

1/ 2 .
 (24)

Additional hardening by Mg atoms with the in-
creased concentration along the GBs is considered
in the UFG state beside the action of the same hard-
ening mechanisms as in CG state of the alloy. Un-
der assumption of a dislocation passing from one
boundary to another we consider that each disloca-
tion has to overcome the increased concentration
of Mg atoms and, hence, solute hardening is deter-
mined by this increased concentration: 

c

* = c +

c, where c is the extra stress due to Mg atoms
along GBs area (it was considered that solid solu-
tion hardening is linearly proportional to solute at-
oms concentration: c =Kc, K – the co_sta_t of pro-
portionality).

Besides, as a result of HPT a high dislocation
density has been accumulated in the UFG alloy,
consequently, the contribution of dislocation hard-
ening is characterized by the increased value.

As a result of the conducted experiments, the
indications about the high level of inner stresses
have been obtained, which could be the reason of
segregations sinking along the GBs. The disloca-
tions in the GBs area appear to be immersed into
the solid solution with the increased concentration
of Mg. As a result the dislocation displaced to some
distance x from the impurity cloud will be affected
by the increased power of dislocation pinning
counted per unit of its length proportional to the
impurity concentration in the area of 3 nm wide along
the GBs [32]. As at a distance of 3 nm from dislo-
cation the impurity atoms hardly feel the disloca-
tion field and, consequently, the concentration of
impurity atoms has little difference from the con-
centration in segregation, one can assume that the
concentration of impurity atoms away from disloca-
tion c0 is equal to the increased concentration in
the segregation.

Then, taking into consideration the hardening as
a result of dislocation pinning s =M S:

d s c
M Gb 1 / 2

0.2
.  (25)

It may be suggested that the stress value d here
is equal to the value, obtained in the equation (24),
as the other mechanisms are calculated separately.
Duri_g HPT at RT, 100, a_d 200 °C about 1%59,

1.80 and 1.74 at.% Mg precipitated from the solid
solution respectively. Mg atoms sink into the GBs
area as it was proved by experimental observations
[14,33]. As a result, atom concentration in GBs
becomes equal to 98.37 1026 m-3, 149.53 1026

m-3, and 106.47 1026 m-3 respectively. The pinning
stress S is then 106.4, 161.7, and 115.2 MPa, re-
spectively [5] (Fig. 3).

The analysis of the modeling results demon-
strates that high-strength states in the Al alloys
subjected to HPT are caused by dislocation pin-
ning by Mg atoms along GBs. The concentration of
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Fig. 3. The dependency of stress S of the disloca-
tion pinning from the value of dislocation displace-
ment x from the fixed solute atmosphere.

Components of the Flow Limit CG UFG 1 UFG 2 UFG 3

Experimental Flow Limit Э

0,2
, MPa 231±9 905±31 865±25 845±33

Theoretical Flow Limit 0.2, MPa 235.5 826 807 789
«Frictio_» of the ]attice d, MPa 220 220 220 220
Deformation hardening p, MPa 15.5 279 233 73
Pinning Stress s, mPa _ 327 354 496
Extra Solid Solution Hardening c , MPa – 79 58 56

Table 2. The values of experimental and calculated flow stress, as well as its components for CG and UFG
states of the Al 1570 alloy.

Mg atoms in GBs increases, when the processing
temperature i_creases from RT up to 100 °C u_der
constant grain size. The stress of the dislocation
pinning increases respectively. The obtained results
are in agreement with the experimental data report-
ing segregations of Mg atoms along GBs [34,35].

As the number of -phase particles appeared to
be out of XRD limits [13], it can be assumed that
Mg atoms stay mainly in the solid solution and form
segregations along the GBs. In the annealed state
of the alloy, Mg atoms are evenly distributed in the
grain interior at Mg concentration of 5.7 wt.%
( 37.05 1026 m-3).

The relative contribution of the above mentioned
hardening factors into the investigated dependen-
cies  = f (d -1/2) has been analyzed. The tendency
of the alteration of the flow stress, conditioned by
the microstructure imperfection depending on the
grain size is presented (Table 2). The most defec-
tive is the UFG structure with d = 130 nm, obtained
by HPT at room temperature. The less defective is
the UFG structure with d = 210 nm obtained by
HPT at 200 °C (Tab]e 2 % Correspo_di_g]y, the f]ow
stress conditioned by the microstructure imperfec-
tion in the first case is higher than in the second
one. At the same time the stress contribution of
dislocation pinning by the Mg atoms in the GB area
has the opposite tendency (Table 2).

The excess stress c is determined by sub-
traction from the experimental yield strength of the
acquainted components of the theoretical flow
strength. The deviation from the HP law of the Al
1570 alloy in the UFG state, as it has been sug-
gested in paper [5], is mostly conditioned by the
dislocation pinning by the Mg atoms. The concen-
tration of Mg atoms as a result of HPT is high in the
GBs area, which plays the principal role for the dis-
]ocatio_ “si_ks”% Despite the high stre_gth of the A]
1570 alloy with the grain size d = 130 nm, accord-
ing to the obtained model, the flow stress could be
higher, whe_ the “grai_ reaches its maximum
stre_gth”, the size of which is dcr.

We conclude that it is not proper to talk about
alloys subjected to SPD in terms of the HP rela-
tio_ship% I_ such a]]oys “pumped up” by stre_gthe_-
ing factors, special strengthening mechanisms act
that are not typical for the CG materials. At the same
time, the HP relation was established namely for
these CG materials, which strength is mainly de-
termined by limiting dislocation free path by GBs.

4. CONCLUSIONS

An analytical model that allows analyzing the de-
formation behavior of the alloys considering differ-
ent deformation mechanisms has been developed.
The equations of dislocation kinetics within the model
take into consideration the possibilities of mecha-
nisms of dislocation density increase as a result of
the double cross slip, the limitation of the free dislo-
cation path of GBs and deformation incompatibility,
as well as mechanisms bringing to the decrease of
dislocation density: annihilation of screw disloca-
tions during the cross slip, relaxation of the non-
equilibrium GBs.

With the aid of the model origins of the high-
strength states in the UFG Al 1570 alloy subjected
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to HPT at RT were analyzed. The components of
the co_ve_tio_a] f]ow stress of the a]]oy i_ the ÑG
and UFG states have been calculated. It has been
determined that additional hardening due to high
concentration of Mg atoms along the GBs and in-
creased value of work hardening play the key roles
in the high strength of the UFG alloy. Both mecha-
nisms are imposed by HPT. Since a number of
strengthening factors take place in the UFG alloy
that are not typical for CG state, it is not reason-
able to apply the HP relation for the UFG state as
the relation was obtained for a rather particular  cases
and under certain assumptions of CG polycrystals.

The quantitative evaluations of the dislocation
pinning stress by the Mg atoms, precipitated from
the solid solution of the alloy into the GBs, have
been obtained as well as the stress, conditioned by
the dislocation material hardening. The analysis of
deformation mechanisms is reduced here too.
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