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Abstract
Aspects of the ductile vs. brittle response of nanocrystalline and ultraﬁne-grained (UFG) materials are theoretically examined. The
focus of this study is on the combined eﬀects of grain boundaries (GBs) and blunting of cracks on the fracture toughness of nanocrystalline and UFG materials in a typical situation where crack blunting and growth processes are controlled by dislocation emission from
crack tips. Within our description, lattice dislocations emitted from cracks are stopped at GBs, resulting in blunting of cracks. Both crack
blunting and the stress ﬁelds of the arrested dislocations hamper further dislocation emission from cracks in nanocrystalline and UFG
materials. As a result, crack blunting is suppressed, while crack growth is enhanced. The combined eﬀects of GBs and blunting of cracks
on the dislocation emission, further crack blunting and growth processes depend on grain size and material parameters. The dependence
of the maximum number of dislocations, emitted by a crack, and the critical stress intensity factor on grain size (ranging from 10 to
300 nm) in Al and a-Fe is calculated. It is demonstrated that a decrease in grain size from 300 to 10 nm in Al and a-Fe decreases their
critical stress intensity factors by a factor of 2–3 and thereby dramatically reduces the toughness/ductility of these materials.
Ó 2010 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
Keywords: Fracture; Plastic deformation; Nanocrystalline materials

1. Introduction
In general, nanocrystalline materials show superior
strength but at the expense of both low tensile ductility
and low fracture toughness, limiting the structural applications of these materials (e.g. [1–10]). In particular, the tendency of nanocrystalline materials to have low fracture
toughness is illustrated clearly by the experimental fact that
some nanocrystalline metals with the face-centered-cubic
(fcc) lattice exhibit a ductile-to-brittle transition with
decreasing grain size [11–13]. In contrast, good ductility is
always inherent in coarse-grained fcc metals where emission
of lattice dislocations from cracks causes eﬀective blunting
of cracks and thus suppresses their growth (e.g. [14–16]).
The diﬀerence in fracture behavior between nanocrystalline
and coarse-grained fcc metals can be attributed to the diﬀer*
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ence in the role of the lattice dislocation slip in deformation
processes in these materials. Lattice dislocation slip serves
as the dominant deformation mode in both coarse-grained
polycrystalline metals over wide temperature ranges and
microcrystalline ceramics at elevated temperatures. Grain
boundaries (GBs) thus serve as obstacles to dislocation slip
and thereby control grain size eﬀects on plastic ﬂow and
fracture processes in polycrystalline materials [17,18]. When
the grain size of a material decreases down to the nanometer
scale, lattice dislocation slip is hampered or even completely
suppressed [1–10], because GBs (which exist in very large
numbers in nanocrystalline materials) arrest gliding lattice
dislocations. In addition, dislocation generation is suppressed in nanoscale grains due to the size eﬀect preventing
the activity of lattice dislocation sources, such as Frank–
Read sources (e.g. [19]). However, the latter factor does
not operate near cracks (because lattice dislocations can
be generated at crack-free surfaces), and lattice dislocation
slip can come into play. For instance, Kumar et al. [20]
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reported the “in situ” observation (by high-resolution electron microscopy) of lattice dislocation emission from a
crack tip during deformation of nanocrystalline Ni. In this
context, there is great interest in identifying the speciﬁc features of lattice dislocation slip near crack tips and its eﬀects
on crack growth in nanocrystalline materials.
Previous works [21–23] considered the eﬀect of GBs on
dislocation emission from the tip of a semi-inﬁnite crack
[21,22] or dislocation sources near the crack tip [23] in polycrystalline materials. They have demonstrated that fracture
toughness decreases with a decrease in grain size if gliding
dislocations are arrested at GBs. The inﬂuence of the blunting radius, characterizing crack tip curvature, on fracture
toughness has been investigated in Refs. [23–27]. It appears
that fracture toughness decreases with a decrease in the
crack tip radius, at least until the crack tip radius becomes
smaller than some critical value at which fracture toughness reaches a constant limiting value. In a short paper
[28], we brieﬂy discussed the role of GBs in stopping lattice
dislocations emitted from a crack tip and thus limiting
crack blunting in nanocrystalline materials. At the same
time, besides GBs, crack blunting itself strongly inﬂuences
dislocation emission from a crack tip [2]. That is, in general, both GBs and crack blunting cause the combined
eﬀects on dislocation emission from crack tips in nanocrystalline materials. In its turn, dislocation emission from
crack tips strongly inﬂuences crack blunting and growth
processes. The main aim of this paper is to describe theoretically the combined eﬀects of GBs and crack blunting
on the toughness of nanocrystalline materials in a typical
situation where crack blunting and growth processes are
controlled by dislocation emission from crack tips.
In this paper we will also extend the suggested theoretical approach [28] to a description of the combined eﬀects of
GBs and crack blunting on the toughness of ultraﬁnegrained (UFG) metallic materials. Such materials are commonly produced by severe plastic deformation methods
and have very high strength, several times larger than that
of their coarse-grained counterparts [29–31]. Furthermore,
there are examples of UFG materials characterized by both
high strength and good ductility or even superplasticity
[31–34]. The fundamental nature of this combination of
high strength and good ductility of UFG materials has
been the subject of intensive discussions [31–34]. We think
that the suppression of crack growth due to dislocation
emission from cracks is one of the key factors enhancing
the mechanical properties of UFG metallic materials. In
this paper, we will consider the sensitivity of fracture
toughness to the grain size in UFG materials, while also
taking into account the combined eﬀects of GBs and crack
blunting on the dislocation emission from cracks.
2. Lattice dislocation emission from crack tips in
nanocrystalline and ultraﬁne-grained materials: model
Let us consider a nanocrystalline solid under a remote
one-axis tensile loading (Fig. 1). The solid is supposed to
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Fig. 1. Crack in a deformed nanocrystalline or UFG-grained solid. (a)
General view. (b) Magniﬁed inset highlighting generation of edge
dislocations near the tip of a long crack.

be elastically isotropic and have the shear modulus G and
Poisson ratio m. Let a long ﬂat crack grow in the solid, as
is schematically shown in Fig. 1. If the stress intensity near
the crack tip is large enough, the crack induces plastic shear
through the emission of a lattice dislocation from the crack
tip (Fig. 1). Since GBs serve as obstacles for lattice dislocation slip [1–10], we assume that the emitted dislocation is
retarded at the neighboring GB. In general, the emission
of the ﬁrst dislocation is followed by the emission of further
dislocations along the same slip plane. These new dislocations slip until they reach their equilibrium positions determined by the balance of the force exerted by the applied
shear stress (which promotes dislocation slip) and the force
exerted by the previously emitted dislocations (which hinders dislocation slip).
If the grain size of the solid is suﬃciently large, the emitted dislocations move far enough from the crack tip and do
not signiﬁcantly hinder the motion of new dislocations
until the number of the emitted dislocations becomes large
enough. In this case, the dislocation emission along one slip
plane can induce signiﬁcant blunting of the crack tip. Following Refs. [14,16,35], signiﬁcant crack blunting arrests
crack growth and makes the solid ductile. At the same
time, in nanomaterials, the emission of even one dislocation and its arrest at the nearest GB hinder the emission
of subsequent dislocations along the same plane due to dislocation repulsion. In doing so, dislocation emission does
not induce signiﬁcant crack blunting. As a corollary, the
nanocrystalline solid tends to show a brittle behavior.
Note that the above scenario is realized in the situation
where slip of lattice (perfect or partial) dislocations dominates in nanocrystalline materials. In particular, it is the
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case for room temperature deformation of nanocrystalline
and UFG metals with a grain size d larger than the critical
size dc  20 nm [5,7–9]. In these materials, emission of lattice dislocations from the crack tips is expected to be the
dominant micromechanism for crack blunting at room
temperature. Our view is supported by the experimental
“in situ” observation [20] of lattice dislocation emission
from a crack tip in nanocrystalline Ni with mean grain size
d = 23 nm. In contrast, GB sliding plays an important or
even dominant role in plastic ﬂow in nanocrystalline metals
with the ﬁnest grains (d < 20 nm) at room temperature, and
in nanocrystalline metals and ceramics with widely ranging
grain sizes at elevated temperatures [5,7–9]. In these materials, both lattice slip and GB sliding are expected to contribute to the blunting of cracks. This view is supported
by computer simulations [36] showing that lattice dislocation emission and GB deformation processes contribute
approximately 60% and 40%, respectively, to the blunting
of a crack in nanocrystalline a-Fe with grain size
d = 9 nm. In this paper, for deﬁniteness, we consider the
emission of only lattice dislocations from cracks. In doing
so, our model eﬀectively describes crack blunting in nanocrystalline and UFG metals with grain sizes d > 20 nm at
room temperature and approximately describes crack
blunting in other nanocrystalline materials.
Following Ref. [28], a decrease in the grain size of a
nanocrystalline or UFG solid reduces the number of dislocations that can be emitted from the crack tip and thus hinders considerable crack blunting and makes the solid more
brittle. At the same time, crack blunting itself inﬂuences
dislocation emission. In particular, according to Beltz
et al. [35], an increase in the crack tip curvature radius
(resulting from crack blunting) hinders both crack growth
and subsequent dislocation emission, and can in some cases
lead to the transition from the ductile to the brittle mode of
failure. In the following, we will study the combined eﬀect
of GBs and crack blunting on the fracture toughness of a
nanocrystalline metallic or UFG solid. To do so, in the following sections, we consider a blunt crack and compare the
conditions for its growth and those for dislocation emission
from the crack tip.
3. Conditions for growth of blunt cracks in nanocrystalline
and ultraﬁne-grained materials
Let us consider a crack in a nanocrystalline or UFG specimen. Following the approach in Refs. [35,37], we model the
crack as an elongated ellipse with a curvature radius q at the
crack tip, which is much smaller than the crack half-length a
(Fig. 2). (The crack tip curvature radius q is related to the
ellipse semi-axes a and p as q = p2/a.) We also introduce a
Cartesian coordinate system (x, y) with the origin at the
ellipse center and a polar coordinate system (r, h) with the
origin at the right edge of the ellipse. In the Cartesian coordinate system, the stress ryy created by the external tensile
load at the tip of the elliptical crack has the following relationship with the crack tip curvature radius q [35,38]:

y

b

r
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x

θ N+1
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Fig. 2. Dislocations near a blunt crack described by an ellipse.

2K I
ryy ðx ¼ a; y ¼ 0Þ ¼ pﬃﬃﬃﬃﬃﬃ ;
pq

ð1Þ

where KI is the generalized stress intensity factor [37]
assuming that the ellipse is replaced by a sharp crack. (It
should be noted that the crack tip radius q in Eq. (1) and
in our subsequent analysis is used in the same manner as
done for the plastic zone size in other model fracture
mechanics descriptions—e.g. [39,40].)
Following Ref. [35], we also suppose that the growth of
the blunt crack occurs if the tensile stress ryy at the crack
tip reaches some critical value rp (ryy = rp). Within the
macroscopic description (which does not consider details
of the process at the crack tip), the crack grows if KI = KIC.
Combining this with the relation ryy(x = a, y = 0) = rp and
formula (1), we obtain:
pﬃﬃﬃﬃﬃﬃ
rp pq
:
ð2Þ
K IC ¼
2
Formula (2) is valid when q is larger than some critical
radius qc at which the crack tip can be considered as
curved. In the case of qp
=ﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
0 (sharp crack),
we use the forﬃ
mula [41] K IC ¼ K br
4Gc=ð1  mÞ, where c is the speIC ¼
ciﬁc surface energy.
Following Ref. [35], we deﬁne qc by the equality:
pﬃﬃﬃﬃﬃﬃﬃ
rp pqc
;
ð3Þ
K br
¼
IC
2
which gives qc ¼ 16Gc=½pð1  mÞr2p , and put:
( pﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
4Gc=ð1  mÞ; q < qc ;
ﬃ
K IC ¼ rp pﬃﬃﬃ
ð4Þ
pq
;
q
>
q
:
c
2
Let us use formula (4) in order to estimate KIC for Al
and a-Fe. In the case of Al, we use the following parameter
values: rp = 9.06 GPa, c = 0.56 J m–2 ([35] and references
therein), G = 27 GPa and m = 0.34. For a-Fe, we have:
rp = 31.7 GPa, c = 1.42 J m–2 ([35] and references therein),
G = 82 GPa and m = 0.29. With these characteristic values
of parameters, we calculated the dependences KIC(q) for
Al and a-Fe; these are shown in Fig. 3. It follows from
Fig. 3 that qc  1.4 nm for Al, and qc  0.8 nm for a-Fe.
4. Dislocation emission from blunt cracks in nanocrystalline
and ultraﬁne-grained materials
Now let us consider dislocation emission from the tip of
a blunt crack. Let the ﬁrst dislocation be emitted from the
crack tip and stop at the neighboring GB. Then the follow-
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(N + 1)th emitted dislocation. For brevity, in the following,
the quantities F, Femit, Fim and Fdd will be referred to as
forces but we will imply that these denote the projections
of the corresponding forces onto the r-axis.
The force Femit(r, h) follows as Femit = brrh, where b is
the magnitude of the dislocation Burgers vector and rrh
is the component of the stress ﬁeld created by the applied
tensile load r0 near the tip of the elliptical crack. The stress
rrh can be found [47] from:

KIC, MPa m1/2
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1
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0.5
0
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ρ, nm
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5

rrh ¼ Im½ðzu00 ðzÞ þ w0 ðzÞÞe2ih ;

Fig. 3. Dependence of the critical stress intensity factor KIC on the crack
tip curvature radius q for Al and a-Fe.

ing dislocations are emitted and move along the same slip
plane until they reach their equilibrium positions. Our goal
here is to calculate the maximum number of dislocations
that can be emitted along the same slip plane as a function
of the grain size d and crack tip curvature radius q. To do
so, we consider the situation where N dislocations have
already been emitted from the crack tip and are located
at their equilibrium positions and calculate the total force
that would act on the (N + 1)th emitted dislocation. We
also take into account that every dislocation emitted from
an internal crack of ﬁnite extent produces an opposite dislocation inside the crack. That is, if one constructs a Burgers contour around the internal crack of ﬁnite length,
one obtains a non-zero Burgers vector characterizing the
crack. As a consequence, after the emission of (N + 1) dislocations with the Burgers vector b from the crack tip, the
dislocation with the Burgers vector (N + 1)b forms inside
the crack (see Fig. 2). The stress ﬁeld of this dislocation
does not depend on its position inside the crack, as was
noted by Eshelby [42]. In other words, the internal crack
is characterized by the dislocation Burgers vector
(N + 1)b and may be considered as a superdislocation
with a hollow elliptical core coinciding with the crack
proﬁle. (This situation resembles that with dislocated
micropipes treated as superdislocations having hollow
cylindrical cores with large radii in semiconductors [43–
49].)
The projection F of the total force, acting on the
(N + 1)th emitted dislocation, onto the r-axis can be written as:
F ðr; hÞ ¼ F emit ðr; hÞ þ F im ðr; hÞ þ

N
X

ð6Þ

where / and w are the complex potential given by (e.g.
[48]):
u¼

r0 R
1
ðn  ð2 þ mÞ Þ;
4
n


!
2
r0 R
1 ð1 þ mÞ 1 þ mn
w¼
n 
;
ð7Þ
2
n
nðn2  mÞ
pﬃﬃﬃﬃﬃﬃﬃ
the
denotespthe
z ¼ x þ iy ¼ a þ r eih ; i ¼ 1
pﬃﬃ,ﬃ p
ﬃﬃﬃ overbar
ﬃﬃﬃ
pﬃﬃﬃ
complex
conjugate,
R
¼
a
ð
a
þ
q
Þ=2,
m ¼ ð a
pﬃﬃﬃ pﬃﬃﬃ pﬃﬃﬃ
qÞ=ð a þ qÞ, and n is one of the two roots of the equation z = R(n + m/n), such that jnj P 1.
The image force Fim(r, h) acting on the dislocation is calculated [49] as:


F im ðr; hÞ ¼ b lim rim
ð8Þ
rh ðr0 ; r; hÞ ;
r0 !r

where rdrh ðr0 ; r; hÞ is the image stress that a dislocation located at the point (r, h) creates in the point (r0, h) located in
the vicinity of the elliptical crack tip. The stress rim
rh ðr 0 ; r; hÞ
is calculated [48] using the complex potentials /im and wim
as:
zu00im ðzÞ þ w0im ðzÞÞe2ih ;
rim
rh ¼ Im½ð

ð9Þ

where





m
1
uim ðzÞ ¼ 2A ln n  A ln n 
 A ln n  
nd
nd
2
2


 nd ð1 þ mnd Þ  nd ðnd þ mÞ ;
ð10Þ
þA
nd ð 
nd 
n2d  mÞðn  1=
nd Þ




 ln n  A
 ln n  m  A
 ln n  1
wim ðzÞ ¼ 2A

nd
nd
2
3
2


nd ðnd þ m Þ  mnd ðnd þ mÞ
1 þ mn2 duim
;
n 2
þA
2
nd 
nd ðnd  mÞðn  m=nd Þ
n  m dn

F dd ðrk ; r; hÞ

ð11Þ

k¼1

 ðN þ 1ÞF dd ð0; r; hÞ;
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ð5Þ

where Femit(r, h) is the projection of the force exerted by the
stress ﬁeld created by the applied load in the vicinity of
the crack tip onto the r-axis, Fim(r, h) is the projection of
the image force, acting on the dislocation, onto the r-axis,
Fdd(rk, r, h) is the projection of the force that the kth dislocation exerts on the (N + 1)th dislocation onto the r-axis,
and ðN þ 1ÞF dd ð0; r; hÞ is the projection of the force that
the dislocation inside the elliptical crack exerts on the

nd is one of the two roots of the equation zd = R(nd +
m/nd), such that jnd j P 1, z ¼ a þ r0 eih zd ¼ a þ reih ; and
A ¼ Gbeih =½4pið1  mÞ.
The force Fdd(rk, r, h) that a dislocation located at the
point (rk, h) exerts on the dislocation at the point (r, h)
can be represented as:
F dd ðrk ; r; hÞ ¼ brdrh ðrk ; r; hÞ;

ð12Þ

where rdrh ðrk ; r; hÞ is the stress that a dislocation located at
the point (rk, h) creates in the point (r, h) located in the
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vicinity of the elliptical crack tip. The stress rdrh ðrk ; r; hÞ
follows [48] from:
rdrh ¼ Im½ðzu00d ðzÞ þ w0d ðzÞÞe2ih ;

(a) Nm
20

ð13Þ

where

15

ud ðzÞ ¼ A lnðz  zd Þ þ uim ðzÞ;
 lnðz  zd Þ  A zd þ wim ðzÞ;
wd ðzÞ ¼ A
z  zd

10

F emit ðrN þ1 ; hÞ þ F im ðrN þ1 ; hÞ þ

0
0

ð15Þ

In order to calculate the maximum number Nm of lattice
dislocations that can be emitted along the same slip plane,
we use the following calculation procedure. First, we specify the initial crack tip curvature q0 prior to dislocation
emission from the crack tip. We assume that the crack
has already been blunted due to previous consecutive processes of dislocation emission and crack advance. Furthermore, we focus on the situation where dislocation emission
occurs suﬃciently fast, so that the applied tensile load (and
its associated stress intensity factor KI) does not change in
the course of dislocation emission. Since the maximum
value of KI prior to dislocation emission is KIC(q), in this
situation, KI cannot exceed KIC(q). Therefore, in order to
calculate the maximum number of dislocations that can
be emitted from the crack tip, we put the stress intensity
factor KI to be equal to its maximum value KIC(q0). In
addition, as a ﬁrst approximation, we assume that emission
of every dislocation increases the crack tip curvature radius
by b sin h. In this case, the crack tip curvature radius after
the emission of N dislocations is q = q0 + Nb sin h. Next,
we verify validity of criterion (15) for the emission of the
ﬁrst dislocation. If this criterion is valid, we place the ﬁrst
dislocation at the distance d from the crack tip and verify
validity of criterion (15) for the emission of the second dislocation. If this criterion is valid for the second dislocation,
we calculate its equilibrium position and check the validity
of criterion (15) for the emission of the third dislocation,
and so on. The procedure is carried out for all the new
emitted dislocations and ends when criterion (15) for the
emission of a new dislocation stops being valid.
With this calculation procedure, we have calculated the
maximum number Nm of lattice dislocations emitted along
the same plane as a function of grain size d, for various ini-
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ð14Þ

z ¼ a þ r eih ; zd ¼ a þ rk eih .
Formulae (5)–(14) allow one to calculate the total force
F acting on the dislocation near the tip of an elliptical
crack. For the examined case of an elongated crack, we
also relate the applied load r0 to the generalized
stress
pﬃﬃﬃﬃﬃﬃ
intensity factor KI as follows [41]: r0 ¼ K I = pa.
Let us assume that the emission of the (N + 1)th dislocation (N = 0, 1, 2, . . .) is possible if there is a region within
the interval rd < r < d, where this dislocation is repelled
from the crack tip, that is:
N
X

ρ 0=0
ρ 0=2 nm
ρ 0=5 nm

0

50

100

150

200

d, nm
Fig. 4. Maximum number Nm of edge dislocations that can be emitted
from the crack tip along one slip plane as functions of grain size d, for
diﬀerent crack tip curvature radii q0, for: (a) Al and (b) a-Fe.

tial crack tip curvature radii q0, in nanocrystalline/UFG Al
and a-Fe. We have used the following values of dislocation
Burgers vector magnitude b:b = 0.286 nm for Al, and
b = 0.249 nm for a-Fe. The dependences Nm(d), for various
q0, are shown in Fig. 4a and b for the cases of Al and a-Fe,
respectively. As can be seen, the maximum number Nm of
lattice dislocations that can be emitted along the same
plane increases with rising grain size d and/or initial curvature radius q0 of the crack tip. The ﬁrst eﬀect has been demonstrated previously [28,35]. The second eﬀect is associated
with the fact that, when the crack tip curvature radius q
increases, the critical stress intensity factor for crack
growth in metals increases more rapidly than the critical
stress intensity factor for dislocation emission [28]. As a
result, in these materials, crack blunting, once started, promotes further dislocation emission and further crack blunting. This role of crack blunting is contrasted to the eﬀect of
grain size reduction in nanocrystalline solids, which hinders
dislocation emission and promotes brittle fracture.
5. Eﬀect of dislocation emission and crack blunting on
critical stress intensity factor in nanocrystalline and
ultraﬁne-grained materials
In the previous section, we have calculated the maximum number of dislocations that can be emitted from
the tip of a blunt crack. In doing so, we assumed that, ﬁrst,
the crack has already been blunted due to previous consecutive processes of dislocation emission and crack advance,
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IC

II

IC

i

i¼1

I

i

c

i¼1

ð16Þ
K br
IC

where
ri is the
¼
pﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
ﬃ coordinate of the ith dislocation,
4Gc=ð1  mÞ, and k dI ðri Þ is the intensity factor of the tensile stress created by the ith dislocation near the crack tip.
The stress intensity factors k dI ðrÞ and k dII ðrÞ appearing in
formula (16) follow [51,52] as:
3pDb sin h cosðh=2Þ
pﬃﬃﬃﬃﬃﬃﬃ
;
2pr
pDb½cosðh=2Þ þ 3 cosð3h=2Þ
pﬃﬃﬃﬃﬃﬃﬃ
k dII ¼ 
;
2 2pr

k dI ðrÞ ¼ 

ð17Þ

where D = G/[2p(1 - m)].
In the case of the blunt crack (q > qc), we will use the criterion ryy(r = 0, h = 0) = rp of crack growth (see the previous section), where ryy is the total stress created by the

applied load and the emitted dislocation. As a result, we
can extend formula (2) to the case where dislocations are
located near the crack tip as follows:
N
X
2K I
rd ðri ; 0; hÞ
ryy ðr ¼ 0; h ¼ 0Þ ¼ pﬃﬃﬃﬃﬃﬃ þ
pq i¼1 yy

 ðN þ 1Þ lim rdyy ð0; r; hÞ;

ð18Þ

r!0

where rdyy ðrd ; r; hÞ is the stress created in the point (r, h) by
a dislocation located at the point (rd, h). This stress is given
[47] by:
rdyy ¼ Re½2u0d þ zu00d ðzÞ þ w0d ðzÞ:

ð19Þ

With the relation ryy ðr ¼ 0; h ¼ 0ÞjK I ¼K IC ¼ rp , formula
(18) yields:
N
X
pﬃﬃﬃﬃﬃﬃ
K IC ðN Þ ¼ rp pq=2 þ
rdyy ðri ; 0; hÞ
i¼1

 ðN þ 1Þ lim rdyy ð0; r; hÞ;

ð20Þ

q > qc :

r!0

Formulae (16), (17), (19), and (20) give the critical stress
intensity factor KIC(N) used in the numerical calculation of
the equilibrium positions of subsequent emitted dislocations. The quantity KIC(N) also gives the critical stress
intensity factor KIC after the end of dislocation emission.
It is deﬁned as KIC = KIC(Nm).
In the cases of Al and a-Fe, the critical stress intensity
factors KIC (which characterize the fracture toughness of
nanocrystalline/UFG solids) are presented in Fig. 5 as
functions of grain size d. As follows from Fig. 5, KIC significantly increases with grain size d. In particular, an increase
in grain size from 10 to 300 nm makes KIC two or three
times larger and thus dramatically enhances the toughness/ductility of the solid. Conversely, a decrease in grain
size dramatically decreases KIC and thus makes the solid
much more brittle.
Fig. 5 demonstrates that, for UFG Al and a-Fe with a
grain size of 300 nm, the calculated values of KIC are
around 1.2 and 4 MPa m1/2, respectively. These values
are still very small. In particular, they are more than an
order of magnitude smaller than the experimental values
of KIC for conventional polycrystalline Al and a-Fe. At
the same time, in calculating these values we have taken
4

KIC, MPa m1/2

and, second, that dislocation emission is so fast that the
stress intensity factor KI (associated with the applied load
r0) does not change during the emission process. In this
section, we consider another situation. We consider an initially sharp crack (q0 = 0) which is then blunted due to the
emission of dislocations from the crack tip along the same
slip plane. In addition, we suppose that dislocation emission requires some time interval during which plastic deformation proceeds and the applied load can increase. As a
consequence, the stress intensity factor KI related to the
applied load is also supposed to be able to increase during
dislocation emission. In this case, the maximum number
Nm of emitted dislocations corresponds to the situation
where KI = KIC(N), i.e. KI reaches its critical value KIC(N)
which grows with every new event of dislocation emission.
We also calculate the increase in the critical stress intensity
factor due to the dislocation emission along the same slip
plane and associated crack blunting. It is clear that after
the end of the dislocation emission process, the critical
stress intensity factor is KIC = KIC(Nm).
The calculation procedure for the situation examined in
this section is identical to that described in the previous section, except for two aspects. First, here we change the value
of KI after the emission of each dislocation. Second, since
the value of KIC changes in the course of dislocation emission, KIC is aﬀected not only by the crack tip curvature
radius q but also by the stress ﬁelds of the emitted
dislocations.
In order to calculate KIC, we consider the two cases:
q < qc and q > qc. Since q = Nb sin h in the examined case,
the above two inequalities can be rewritten in terms of the
number N of emitted dislocations as N < qc/(b sin h) and
N > qc/(b sin h), respectively. By analogy with our examination in the previous section, the crack is viewed as sharp,
if q < qc, and crack blunting is taken into account, if q > qc.
In the case of the sharp crack (q < qc), the critical stress
intensity factor KIC(N) can be written as follows [50]:
vﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
!2ﬃ
u
N
N
u
X
X
2
k d ðr Þ 
k d ðr Þ; q < q ;
K ðN Þ ¼ tðK br Þ 
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into account dislocation emission only along one slip plane.
Apparently, accounting for dislocation emission along
multiple slip planes in the course of crack growth would
increase the calculated values of KIC and make the eﬀect
of grain size on fracture toughness (a decrease in KIC with
a decrease in grain size) even more pronounced. In particular, this is because emission along multiple slip planes,
and thereby crack blunting, are enhanced with an increase
in the size of a grain within which the crack grows. Moreover, intergranular fracturing and emission of lattice dislocations and twins from GBs signiﬁcantly inﬂuence the
behavior of nanocrystalline metals under a mechanical
load, and the eﬀects of these processes are especially pronounced when the grain size is in the interval d < 30 nm
(e.g. [2,6,10,20,53–56]). For instance, the experimentally
observed [20,57,58] generation of nanoscale cracks and
voids at the triple junctions of GBs near the tips of growing
blunt cracks releases the elastic energy near the tips of these
cracks and thus hinders their growth. Emission of lattice
dislocations and twins from GBs [55,56,59] causes a similar
eﬀect when the emission events occur near the tips of growing cracks in nanocrystalline materials. A detailed theoretical examination of the eﬀects of dislocation emission along
multiple slip planes, generation of triple junction voids and
emission of lattice dislocations and twins from GBs on
crack growth represents a very cumbersome problem, the
analysis of which is beyond the scope of this paper. Here
we focused on blunting of a crack through emission of lattice dislocations along one slip plane from the crack tip as
the most typical process crucially inﬂuencing crack growth
in nanocrystalline and UFG metals with grain sizes
d > 20 nm at room temperature.
It should also be noted that the model used here implies
that dislocations emitted from the crack tip are arrested at
grain boundaries and do not interact with any pre-existing
dislocations in grain interiors. This is the case if the grain
size is suﬃciently small, so that the dislocations in grains
do not produce large pile-ups (which can penetrate from
one grain to another one or initiate essential plastic deformation in the neighboring grains) and the dislocation density in grain interiors is small. At the same time, the
suggested model is questionable for the solids with grain
sizes that exceed several hundred nanometers.
6. Discussion and concluding remarks
We have theoretically revealed that the critical stress
intensity factors KIC (which characterize toughness) of
nanocrystalline and UFG materials are highly sensitive to
the grain size in these materials in a typical situation where
crack blunting and growth processes are controlled by dislocation emission from crack tips. The sensitivity in question is caused by the grain-size-dependent eﬀects of GBs
and the crack blunting on the dislocation emission from
crack tips. GBs eﬀectively suppress both the dislocation
emission from crack tips and thereby the blunting of cracks
in nanocrystalline metals and ceramics with comparatively

small grains. Furthermore, crack blunting (associated with
the dislocation emission) hampers further dislocation emission from a crack tip and thereby further crack blunting.
These combined eﬀects of GBs and the crack blunting on
further crack blunting are enhanced with decreasing the
grain size (Fig. 5). As a corollary, when the grain size of
a nanocrystalline/UFG solid decreases, cracks in this solid
tend to be sharp, and the solid tends to show a brittle
behavior. This theoretical conclusion is in good agreement
with numerous experimental data conﬁrming the discussed
tendency [2,4–7,9,31,60–63]. In particular, the conclusion is
supported by the experimentally detected fact [11–13] that
some nanocrystalline fcc metals exhibit a ductile-to-brittle
transition with decreasing grain size.
It should be noted that there are several examples of
nanomaterials showing both superior strength and good
ductility at room temperature or even superplasticity at elevated temperatures [20,30,33,64–79]. In these examples,
good ductility/superplasticity is exhibited by UFG ceramics
[62–66] and metallic materials [30,33,76,78,79] (with the
mean grain size ranging from 100 nm to 1 lm) as well as
by nanocrystalline ceramics [71,72,75] and metallic materials [1,20,67–70,73,74,77] (with the mean grain size ranging
from 5 to 100 nm). Based on the results of the theoretical
analysis given in this paper, crack blunting through lattice
dislocation emission from crack tips contributes to
enhanced ductility of UFG materials. At the same time,
good ductility/superplasticity of nanocrystalline materials,
especially those with the ﬁnest grains (grain size below
20 nm), is hardly related to crack blunting through lattice
dislocation slip. In nanocrystalline materials with the ﬁnest
grains, in parallel with lattice dislocation slip, such plastic
ﬂow micromechanisms as GB sliding, GB diﬀusional creep,
stress-driven GB migration, twin and rotation deformation
modes eﬀectively operate [2,4–7,9,31,60–63]. These micromechanisms can be responsible for ductile behavior and
high fracture toughness of such materials under certain conditions. In particular, in recent years, stress-driven GB
migration [80], GB sliding [81–83] and twin deformation
[59] have been recognized as plastic ﬂow micromechanisms
capable of enhancing fracture toughness in nanocrystalline
metals and ceramics [59,80]. In addition, twin deformation
[76,78] and GB sliding [84,85] can cause strain hardening,
which suppresses plastic strain instability and the corresponding neck formation responsible for the low ductility
of nanocrystalline materials under tensile deformation.
Furthermore, our theoretical results on the sensitivity of
fracture toughness to grain size are relevant in interpretation of experimentally observed [61,68,86–88] ductile
behavior exhibited by nanomaterials with a bimodal structure consisting of micron-sized grains embedded into a
nanocrystalline matrix. In short, our results conﬁrm the
natural suggestion (formulated in the pioneering papers
on nanomaterials with a bimodal structure [86,88]) that
cracks in such materials are eﬀectively stopped within large
grains, in which case nanomaterials with a bimodal structure have good toughness.
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To summarize, in a typical situation where crack blunting and growth processes are controlled by dislocation
emission from crack tips, grain size reduction causes nanocrystalline materials to show a brittle behavior. At the same
time, in the opposite situation where crack blunting and
growth processes are strongly inﬂuenced or even controlled
by alternate deformation modes (e.g. stress-driven GB
migration, GB sliding, twin deformation), these deformation modes are capable of causing good ductility/toughness
of nanocrystalline and UFG materials under certain conditions. The theory of the toughness of nanocrystalline and
UFG materials deformed by alternative deformation
modes is in its infancy [59,80–83] and needs further development in the future.
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