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a b s t r a c t

Theoretical models are suggested which describe the effects of intergrain sliding on crack
growth in nanocrystalline metals and ceramics. Within the models, stress concentration
near cracks initiates intergrain sliding which is non-accommodated at low temperatures
and effectively accommodated at intermediate temperatures. The first model is focused
on the non-accommodated intergrain sliding which leads to generation of dislocations at
triple junctions of grain boundaries. These dislocations cause partial stress relaxation in
the vicinities of crack tips and thereby hamper crack growth. It is shown that the non-
accommodated intergrain sliding increases fracture toughness by 10–30% in nanocrystal-
line Al, Ni and 3C–SiC. The second model deals with the case of intermediate temperatures.
Within this model, intergrain sliding is effectively accommodated by diffusion-controlled
climb of grain boundary dislocations. The accommodated intergrain sliding in nanocrystal-
line materials results in crack blunting which, in its turn, leads to an increase (by a factor
ranging from 1.1 to around 3, depending on temperature) of fracture toughness.

� 2010 Elsevier Ltd. All rights reserved.

1. Introduction

The outstanding mechanical properties of nanocrystalline metals and ceramics represent the subject of rapidly growing
research efforts motivated by a wide range of their applications (see, e.g., Khan et al., 2000, 2006, 2008a,b; Khan and Zhang,
2000; Mukherjee, 2002; Kumar et al., 2003a; Gutkin and Ovid’ko, 2004; Kuntz et al., 2004; Xia et al., 2004; Ovid’ko, 2005,
2007; Weissmüller and Markmann, 2005; Wolf et al., 2005; Meyers et al., 2006; Warner et al., 2006; Xu et al., 2006; Capo-
lungo et al., 2007; Dao et al., 2007; Koch, 2007; Koch et al., 2007; Aifantis, 2009; Barai and Weng, 2009; Bobylev et al., 2009;
Farrok and Khan, 2009; Figueiredo et al., 2009). In most cases, nanocrystalline materials have superior strength and hardness
but at the expenses of both low tensile ductility and low fracture toughness; see reviews (Mukherjee, 2002; Kumar et al.,
2003a; Kuntz et al., 2004; Ovid’ko, 2005, 2007; Wolf et al., 2005; Meyers et al., 2006; Dao et al., 2007; Koch, 2007) and book
(Koch et al., 2007). Low ductility and low toughness are highly undesired for structural applications of nanocrystalline mate-
rials. In particular, low fracture toughness of nanocrystalline ceramics, as with their conventional microcrystalline ceramics,
is treated as the key factor limiting their practical utility (Kuntz et al., 2004). In these circumstances, there is large interest in
understanding the fundamental laws governing crack growth processes in nanocrystalline materials.

The tendency of nanocrystalline materials to show low ductility and toughness is well illustrated by the experimental fact
that some nanocrystalline metals with the face-centered-cubic lattice (hereinafter called fcc metals) exhibit a ductile-to-brit-
tle transition with decreasing grain size (Li and Ebrahimi, 2004, 2005; Ebrahimi et al., 2006). In contrast, good ductility and
toughness are always inherent to coarse-grained fcc metals where emission of lattice dislocations from cracks causes effec-
tive blunting of cracks and thus suppresses their growth. The difference in fracture behavior between nanocrystalline and

0749-6419/$ - see front matter � 2010 Elsevier Ltd. All rights reserved.
doi:10.1016/j.ijplas.2010.03.001

* Corresponding author. Tel.: +7 812 321 4764; fax: +7 812 321 4771.
E-mail address: ovidko@def.ipme.ru (I.A. Ovid’ko).

International Journal of Plasticity 26 (2010) 1629–1644

Contents lists available at ScienceDirect

International Journal of Plasticity

journal homepage: www.elsevier .com/locate / i jp las



Author's personal copy

coarse-grained fcc metals can be attributed to the difference in deformation modes dominating in these materials. The lattice
dislocation slip serves as the dominant deformation mode in conventional coarse-grained metals in wide temperature ranges
and microcrystalline ceramics at elevated temperatures. However, when the grain size of a material decreases down to the
nanometer scale, the lattice dislocation slip is suppressed (Mukherjee, 2002; Kumar et al., 2003a; Kuntz et al., 2004; Ovid’ko,
2005, 2007; Wolf et al., 2005; Meyers et al., 2006; Dao et al., 2007; Koch, 2007; Koch et al., 2007) because grain boundaries
(GBs) (whose amount is very large in nanocrystalline materials) stop gliding lattice dislocations. At the same time, alterna-
tive deformation modes such as intergrain sliding, Coble creep, triple junction diffusional creep, rotational deformation and
nanoscale twin deformation effectively operate in nanocrystalline metals and ceramics (Mukherjee, 2002; Kumar et al.,
2003a; Kuntz et al., 2004; Ovid’ko, 2005, 2007; Wolf et al., 2005; Meyers et al., 2006; Dao et al., 2007; Koch, 2007; Koch
et al., 2007).

The alternative deformation modes can play the role of specific toughening micromechanisms in nanocrystalline mate-
rials, when the conventional toughening associated with the lattice slip is suppressed. This idea is in agreement with exper-
imental data showing enhancement of fracture toughness of several nanocrystalline ceramics (Bhaduri and Bhaduri, 1997;
Kuntz et al., 2004; Zhao et al., 2004; Kaminskii et al., 2005; Pei et al., 2005) and nanocrystalline nickel (Mirshams et al., 2001),
compared to that of their microcrystalline counterparts. The discussed idea and experimental data (Bhaduri and Bhaduri,
1997; Mirshams et al., 2001; Kuntz et al., 2004; Zhao et al., 2004; Kaminskii et al., 2005; Pei et al., 2005) serve as the basis
of theoretical models of specific micromechanisms hampering crack growth in nanocrystalline materials. In particular, re-
cently, nanoscale twin deformation carried by partials emitted from grain boundaries (Gutkin et al., 2008a,b) and stress-dri-
ven migration of grain boundaries (Ovid’ko et al., 2008) have been theoretically revealed to be specific toughening
micromechanisms in nanocrystalline ceramics and metals. Besides, creep deformation conducted by grain boundary
processes (Ashby–Verall creep carried by intergrain sliding accommodated by GB diffusion and grain rotations (Ashby
and Verall, 1973; Yang and Wang, 2004)) was suggested as a toughening micromechanism providing crack blunting (at grain
size scales of 10 nm or more) in nanocrystalline metals (Yang and Wang, 2008; Yang and Yang, 2009). However, the creep
deformation considered by Yang and Wang (2008) and Yang and Yang (2009) is a diffusion-controlled process which can
effectively contribute to toughening of nanocrystalline metals only in the limiting partial cases where diffusion is very fast
(at high temperatures) and/or crack growth is extremely slow. We think that intergrain sliding can effectively contribute to
toughening of nanocrystalline ceramics and metals in a situation with comparatively wide ranges of crack tip velocity and
temperature. The main aim of this paper is to theoretically describe the effects of intergrain sliding on crack growth in nano-
crystalline metals and ceramics at low and intermediate temperatures. In the former case, the focuses will be placed on the
intergrain-sliding-induced formation of dislocations at triple junctions of GBs and their role in partial stress relaxation in the
vicinities of crack tips. In the case of intermediate temperatures, we theoretically examine crack blunting which occurs at
nanoscopic scales (close to 1–10 nm) and is related to intergrain sliding effectively accommodated by diffusion-controlled
climb of GB dislocations. Finally, with the results of the models describing the effects of non-accommodated and accommo-
dated intergrain sliding processes on crack growth in nanocrystalline metals and ceramics, we will consider the sensitivity of
fracture toughness of these materials to their grain size. Also, the influence of non-equilibrium GBs on toughness of nano-
crystalline metals will be briefly discussed.

2. Intergrain sliding near crack tips in nanocrystalline metals and ceramics

The lattice dislocation slip in nanocrystalline metallic and ceramic materials with finest grains (d < d0 � 20 nm) is sup-
pressed (Mukherjee, 2002; Kumar et al., 2003a; Kuntz et al., 2004; Ovid’ko, 2005, 2007; Wolf et al., 2005; Meyers et al.,
2006; Dao et al., 2007; Koch, 2007; Koch et al., 2007). The same is valid for nanocrystalline ceramics with intermediate grains
(with the sizes d < 100 nm) and conventional microcrystalline ceramics at low and intermediate temperatures at which large
Peierls barriers suppress lattice dislocation slip. In these materials, GB-conducted deformation modes (Mukherjee, 2002;
Kumar et al., 2003a; Kuntz et al., 2004; Ovid’ko, 2005, 2007; Wolf et al., 2005; Meyers et al., 2006; Dao et al., 2007; Koch,
2007; Koch et al., 2007) and twin deformation (commonly carried by partials generated at GBs) (Chen et al., 2003; Liao
et al., 2003; Wang et al., 2005; Zhu et al., 2005; Wu and Zhu, 2008; Zhu et al., 2009) come into play. Among GB-conducted
deformation modes, intergrain sliding is treated to be crucially important in nanocrystalline metals and ceramics in certain
situations. In particular, intergrain sliding processes are experimentally shown to play the dominant role in superplastic
deformation of nanocrystalline metallic and ceramic materials (Mukherjee, 2002; Xu et al., 2006; Koch et al., 2007). Com-
puter simulations (Van Swygenhoven et al., 1999; Van Swygenhoven and Derlet, 2001; Farkas and Curtin, 2005; Monk
et al., 2006) highlighted the role of intergrain sliding as one of the key mechanisms of plastic deformation in nanocrystalline
metals, especially at very high stresses and strain rates (see also review by Wolf et al. (2005) and references therein). Also,
the mechanical behavior of nanocrystalline ceramics is strongly influenced by GB deformation processes in amorphous GBs
often existing in such materials; see, e.g., experimental data (Kuntz et al., 2004; Xu et al., 2006; Dominguez-Rodriguez et al.,
2007; Hulbert et al., 2007) and computer simulations (Szlufarska et al., 2005; Mo and Szlufarska, 2007). For instance, follow-
ing the computer simulations (Szlufarska et al., 2005; Mo and Szlufarska, 2007) of the evolution of the nanocrystalline cubic
phase of silicon carbide (3C–SiC) under a mechanical load, plastic deformation intensively occurs within amorphous GBs in
these nanocrystalline ceramics. In the present and next sections we theoretically examine the role of GBs as toughening
structural elements in nanocrystalline metals and ceramics.
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Let us consider a nanocrystalline specimen with a mode I crack under tensile deformation (Fig. 1). The crack tip is as-
sumed to be located at a GB. High local stresses operating near the crack trip can initiate intergrain sliding (Fig. 1). In its turn,
the processes of intergrain sliding in nanocrystalline materials are capable of producing edge dislocations at triple junctions
(Bobylev et al., 2009). Here we consider the situation where intergrain sliding occurs in a part of the boundary, located be-
tween the crack tip and a triple junction, and results in the formation of an edge dislocation located at the triple junction
nearest to the crack tip, as shown in Fig. 1. The dislocation creates stresses that influence crack growth. This process is ex-
pected to be specific precisely for nanocrystalline solids, because they are specified by very large volume fractions occupied
by both boundaries and their triple junctions. Amounts of GBs in conventional polycrystals are low, in which case one can
commonly neglect the effects of intergrain sliding on crack growth.

Intergrain boundary sliding means a shear of neighboring grains with respect to each other, which is localized in their
GBs. From a microscopic viewpoint, intergrain boundary sliding is treated to occur by either movement of GB dislocations
or local shear events (Sutton and Balluffi, 1996; Conrad and Narayan, 2000; Van Swygenhoven and Derlet, 2001; Gutkin
and Ovid’ko, 2004; Padmanabhan and Gleiter, 2004; Bobylev et al., 2006). In particular, the sliding along GBs with transla-
tionally ordered structures can be effectively conducted by movement of gliding GB dislocations with Burgers vectors par-
allel with corresponding boundary planes (Sutton and Balluffi, 1996; Gutkin and Ovid’ko, 2004).

Besides the dislocation description (Sutton and Balluffi, 1996; Gutkin and Ovid’ko, 2004) of intergrain sliding, there is an
alternative view (Sutton and Balluffi, 1996; Conrad and Narayan, 2000; Van Swygenhoven and Derlet, 2001; Padmanabhan
and Gleiter, 2004; Demkowicz et al., 2007) that such sliding in coarse-grained and nanocrystalline solids occurs by local
shear events, thermally activated and driven by the shear stress. Local shear events represent either individual atomic jumps
or local transformations of small groups of atoms in the grain boundary phase. This approach, in fact, is based on the theory
(Argon, 1979) of thermally activated and shear-stress-driven local shear events carried by free-volume defects in plastically
deformed metallic glasses. In this context, intergrain sliding by local shear events is expected to be dominant in non-equi-
librium GBs with disordered structures and amorphous GBs.

The structure of GBs in nanocrystalline metallic materials fabricated by severe plastic deformation and other highly non-
equilibrium methods is commonly non-equilibrium, with high densities of disorderedly arranged GB defects (Valiev and
Alexandrov, 1999; Valiev et al., 2000; Huang et al., 2001; Valiev, 2004; Koch et al., 2007). Nanocrystalline ceramics, as with
their conventional microcrystalline counterparts (Clarke, 1987), often contain amorphous GBs (Kuntz et al., 2004; Xu et al.,
2006; Dominguez-Rodriguez et al., 2007; Hulbert et al., 2007). In these circumstances, hereinafter, we will focus our
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Fig. 1. Crack in a deformed nanocrystalline solid. The magnified inset highlights generation of an edge dislocation at the boundary (grain boundary or
amorphous intergranular boundary) near the tip of a long crack that intersects the boundary.
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consideration on intergrain sliding through local shear events in non-equilibrium and amorphous GBs in nanocrystalline
metals and ceramics.

Within our model, the dislocation (Fig. 1) results from intergrain sliding that occurs through local shear events in either a
non-equilibrium, or an amorphous GB in a nanocrystalline specimen. In this case, the Burgers vector magnitude of each dis-
location at a boundary gradually grows (due to the accumulation of local shear events) in parallel with local plastic strain
carried by intergrain sliding in this boundary; for details, see Bobylev et al. (2009). The direction of the dislocation Burgers
vector is parallel with the boundary line (plane in the three-dimensional case). Such dislocations are treated in terms of the
Volterra theory of dislocations in continuum media (Volterra, 1907; Hirth and Lothe, 1982) as dislocation-like sources of
internal stresses, but not conventional lattice dislocations. In doing so, such dislocations are commonly immobile at the tri-
ple junctions of amorphous GBs (Fig. 1). (Note that the notion of such non-crystallographic dislocations with continuously
growing Burgers vector magnitudes has recently been used in a description of plastic deformation in nanocrystalline mate-
rials (Gutkin and Ovid’ko, 2006, 2008), nanowires (Bobylev and Ovid’ko, 2009) and Gum Metals (Gutkin et al., 2006, 2008a, b)
where such non-crystallographic dislocations have been observed in ‘‘in situ” experiments (Cui et al., 2009).)

In general, intergrain sliding near a crack tip can occur as either a non-accommodated or an accommodated process.
The non-accommodated intergrain sliding occurs at comparatively low temperatures (T < TGBD) at which GB diffusion is
suppressed. (For instance, GB diffusion in metals is treated to be suppressed at low homologous temperatures
T < TGBD = 0.3Tm, where Tm is the melting temperature (Vladimirov, 1975).) The non-accommodated intergrain sliding re-
sults in the generation of a Volterra dislocation (Fig. 1). At the same time, the intergrain sliding can occur in parallel with
such accommodation processes as diffusion-controlled climb of grain boundary dislocations, dislocation emission within
the grain interior and associated creation of grain boundary ledges. Intergrain sliding accommodated by diffusion based
processes is expected to intensively occur in nanocrystalline materials in the temperature range TGBD < T < TGG, where
TGG is the temperature at which intensive grain growth (destroying the nanocrystalline structure) occurs. The dislocation
emission within the grain interior effectively comes into play in materials with enhanced lattice slip, e.g., metallic mate-
rials with low Peierls stress in wide temperature range and ceramic materials at high temperatures at which thermally
activated lattice slip overcomes large Peierls barrier. The discussed representations on generation of dislocations at triple
junctions due to intergrain sliding and their transformations into lattice dislocations in nanocrystalline materials are in
agreement with ‘‘in situ” experimental observation (Kumar et al., 2003b) of lattice dislocation emission from triple junc-
tions in deformed nanocrystalline Ni foils and similar observations based on computer simulations (Van Swygenhoven
et al., 2002; Farkas et al., 2005).

The main effect of non-accommodated intergrain sliding processes on crack growth in nanocrystalline materials is in gen-
eration of triple junction dislocations whose stress fields release, in part, high local stresses near crack tips. The accommodated
intergrain sliding causes blunting of crack tips, and this process hampers crack growth. These effects of non-accommodated and
accommodated intergrain sliding processes on crack growth in nanocrystalline materials will be considered in detail in Sections
3 and 4, respectively.

3. Effect of non-accommodated intergrain sliding on fracture toughness of nanocrystalline metals and ceramics at low
temperatures

Consider a nanocrystalline solid consisting of nanoscale grains divided by GBs and containing a long flat crack of length l. The
solid is under tensile load at low temperature (T < TGBD). A two-dimensional section of a typical fragment of the solid is schemat-
ically shown in Fig. 1. Let the crack intersect the boundary at the point distant by r0 (r0 << l) from the nearest triple junction
(Fig. 1). The local stresses near the crack tip in the solid under a tensile load initiate intergrain sliding through local shear events
along the GB AB (Fig. 1) and other GBs in the vicinity of the tip. Since GBs end at triple junctions, such junctions serve as natural
geometric obstacles for intergrain sliding in nanocrystalline and microcrystalline materials (see, e.g., Fedorov et al., 2003; Ruano
et al., 2003; Bobylev et al., 2006, 2009; Mohamed and Chauhan, 2006; Mohamed, 2007). In particular, triple junction B obstructs
intergrain sliding along GB AB (Fig. 1), because the conditions for lattice dislocation slip (slip plane orientation, Burgers vector
magnitude for lattice dislocations, stress characterizing resistance to plastic shear (the Peierls stress), etc.) in grain I are different
from those for intergrain sliding along GB AB. In these circumstances, following standard representations on intergrain sliding
(Fedorov et al., 2003; Ruano et al., 2003; Bobylev et al., 2006, 2009; Mohamed and Chauhan, 2006; Mohamed, 2007), the unfin-
ished plastic shear associated with intergrain sliding is accumulated at and near the triple junction B. In terms of the theory of
defects in solids, the triple junction B contains a dislocation (Fig. 1) whose Burgers vector magnitude gradually grows with rising
the unfinished plastic shear associated with intergrain sliding (Bobylev et al., 2009).

In this section, we consider the situation where triple junction dislocations generated due to intergrain sliding are immobile
(Fig. 1). This situation is realized, if the Peierls stress for lattice dislocation slip is very high, and deformation occurs at low
homologous temperatures (T < TGBD) at which GB diffusion and thereby GB-diffusion-controlled climb of GB dislocations are
suppressed. In doing so, the limiting value bc of the Burgers vector magnitude of the triple junction dislocation near a crack
tip (Fig. 1) is controlled by the external stress and its effect on crack growth. Following the estimates given in this section
(see below), the limiting value bc ranges approximately from 0.1 to 0.6 nm, depending on the material.

Let us consider a triple junction dislocation (produced by the non-accommodated intergrain sliding along GB AB; see
Fig. 1) and its effect on the fracture toughness of a nanocrystalline solid. To do so, we will use the standard crack growth
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criterion (Irwin, 1957) based on the balance between the driving force related to a decrease in the elastic energy and the
hampering force related to the formation of a new free surface during crack growth. This criterion is given as (Irwin, 1957):

1� m
2G
ðK2

I þ K2
IIÞ ¼ 2c; ð1Þ

where c is the specific energy of the new free surface (per its unit area), KI and KII are the intensity factors for normal (to the
crack line in the two-dimensional case) and shear stresses, respectively. In the considered situation where the crack growth
direction is perpendicular to the direction of the external load, the coefficients KI and KII are given as:

KI ¼ Kr
I þ kd

I ;

KII ¼ kd
II:

ð2Þ

Here Kr
I is the intensity factor for the external stress r0, while kd

I and kd
II are the intensity factors for the stresses created by

the edge dislocation located near the crack tip (Fig. 1).
Within the macroscopic mechanical description, the effect of the local plastic flow (intergrain sliding resulting in the for-

mation of a dislocation) on crack growth can be accounted for through the introduction of the effective fracture toughness
K�IC . In this case, the crack is considered as that propagating under the action of the tensile load perpendicular to the crack
growth direction, while the presence of the dislocation just changes the value of K�IC compared to the case of brittle crack
propagation. In these circumstances, the critical condition for the crack growth can be represented as (see, e.g., Panasyuk,
1988): Kr

I ¼ K�IC .
With expressions (2) substituted to formula (1) and the critical condition Kr

I ¼ K�IC taken into account, one finds the fol-
lowing expression for the factor K�IC:

K�IC ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
4Gc

1� m
� ðkd

IIÞ
2

r
� kd

I : ð3Þ

In order to characterize the effect of dislocations produced by intergrain sliding (Fig. 1) on crack growth, one should compare
the value K�IC with the fracture toughness KIC ¼

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
4Gc=ð1� mÞ

p
in the dislocation-free case, that is, the case of brittle fracture

with the intergrain sliding being completely suppressed.
Let us calculate the effective fracture toughness K�IC in the situation where the dislocation is located near the crack, as

shown in Fig. 1. In doing so, b denotes the Burgers vector magnitude of the dislocation, r0 the distance between the dislo-
cation and the crack tip, h the angle made by the boundary plane (or the dislocation Burgers vector) and the coordinate axis
Ox. The stress intensity factors kd

I and kd
II for the dislocation-induced stresses are calculated by Zhang and Li (1991). They are

given as:

kd
I ¼ �

3pDb sin h cosðh=2Þffiffiffiffiffiffiffiffiffiffiffi
2pr0
p ; kd

II ¼ �
3pDb½cosðh=2Þ þ 3 cosð3h=2Þ�

2
ffiffiffiffiffiffiffiffiffiffiffi
2pr0
p ; ð4Þ

where D = G/[2p(1 � m)].
In our model, the Burgers vector magnitude b, figuring in formulas (4), is arbitrary, because the magnitude b characterizes

a non-crystallographic dislocation (for details, see Bobylev et al., 2009). In the quasi-equilibrium state, the Burgers vector
magnitude b corresponds to a minimum of the energy change DW associated with the dislocation generation process
(Fig. 1). In the situation under consideration, the energy change DW has three terms:

DW ¼Ws þWc � A: ð5Þ

Here Ws is the proper elastic energy of the dislocation; Wc is the dislocation core energy, and A denotes the work of the shear
stress, spent to generation of the dislocation.

Since the dislocation (Fig. 1) is located near the crack free surface, its stresses are screened. The proper energy of such a
dislocation is calculated with the aid of the formula (Lin and Thomson, 1986) taking into account the image forces that char-
acterize the screening effect. In doing so, we have:

Ws �
Db2

2
ln

r
rc
: ð6Þ

Here rc is the dislocation core radius. The dislocation core energy Wc in the standard approximation is given as (Hirth and
Lothe, 1982): Wc � Db2/2.

The work A of the shear stress, spent to generation of the dislocation, is calculated in the standard way (Mura, 1968) as the
work spent to movement of the dislocation from the crack tip to its final position (shown in Fig. 1). At the same time, in the
case under our study, one should take into account the fact that the dislocation is generated through local shear events
occurring in the GB. In doing so, we should take into consideration the additional term characterizing the resistance of
the GB to plastic shear (local shear events) resulting in the formation of the dislocation. In a first approximation, we assume
that the resistance of the GB to plastic shear is described as the friction force which acts on the moving dislocation and is
equal by magnitude to bs0, where s0 is the threshold shear stress for the intergrain sliding. According to this assumption,

S.V. Bobylev et al. / International Journal of Plasticity 26 (2010) 1629–1644 1633



Author's personal copy

plastic shear in the GB occurs, if the local shear stresses Ps0 at every point of the boundary. Then, the work A is represented
in the following form:

A ¼ b
Z r

0
rKI

rh ðr0; hÞdq� bs0r0; rKI
rh ðr; hÞ � s0: ð7Þ

Here rKI
rh ðr; hÞ is the stress tensor component (written in the polar coordinate system (r, h) with the origin at the crack tip; see

Fig. 1) created by the constant external one-axis tensile load in the vicinity of the crack tip and given by (Panasyuk, 1988)

rKI
rh ðrk; hÞ ¼

Kr
I sin h cosðh=2Þ

2
ffiffiffiffiffiffiffiffiffiffiffi
2prk
p : ð8Þ

The inequality rKI
rh ðr; hÞP s0 gives the necessary condition for intergrain sliding in the plane making the angle h with the

coordinate axis Ox, in the interval 0 < r < r0. After substitution of formula (8) and (7) and subsequent integration, one finds:

A ¼ br0
Kr

I sin h cosðh=2Þffiffiffiffiffiffiffiffiffiffiffi
2pr0
p � s0

� �
; Kr

I P
s0

ffiffiffiffiffiffiffiffiffiffiffi
8pr0
p

sin h cosðh=2Þ : ð9Þ

Then, with formulas (6) and (9) as well as the expression for Wc, we obtain the following formula for the characteristic
energy change DW:

DW ¼ Db2

2
ln

r0

rc
þ 1

� �
� br0

Kr
I sin h cosðh=2Þffiffiffiffiffiffiffiffiffiffiffi

2pr0
p � s0

� �
; Kr

I P
s0

ffiffiffiffiffiffiffiffiffiffiffi
8pr0
p

sin h cosðh=2Þ : ð10Þ

From the condition o(DW)/ob = 0 of the minimum of the energy change DW one finds the following expression for the dis-
location Burgers vector magnitude b:

b ¼ ð1� mÞ
ffiffiffiffiffiffiffiffiffiffiffi
2pr0
p

ðKr
I sin h cosðh=2Þ � s0

ffiffiffiffiffiffiffiffiffiffiffi
2pr0
p

Þ
G½lnðr0=rcÞ þ 1� ; Kr

I P
s0

ffiffiffiffiffiffiffiffiffiffiffi
8pr0
p

sin h cosðh=2Þ : ð11Þ

With formulas (4) and (11), we express the intensity factors kd
I and kd

II of the dislocation-induced stresses through Kr
I .

After substitution of formulas (4) and (11) as well as the equation Kr
I ¼ K�IC into formula (3), we obtain the following equation

for the critical value of the stress intensity factor K�IC:

PK�2IC þ QK�IC þ R ¼ 0; ð12Þ

where

P ¼ 8ðlnðr0=rcÞ þ 1Þ2 � sin2 h cos2ðh=2Þ½24 lnðr0=rcÞ þ 3 cos 2h� 4 cos hþ 17�; ð13Þ
Q ¼ 2s0

ffiffiffiffiffiffiffiffiffiffiffi
2pr0

p
sin h cos2ðh=2Þ½12 lnðr0=rcÞ þ 3 cos 2h� 4 cos hþ 5�; ð14Þ

R ¼ 8pr0s2
0 cos2ðh=2Þ½5� 3 cos h� � 64pDcðlnðr0=rcÞ þ 1Þ2: ð15Þ

Analysis of Eq. (12) shows that the equation always has a positive solution given as:

K�IC ¼
�Q þ

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
Q2 � 4PR

q
2P

: ð16Þ

Let us calculate the effective fracture toughness K�IC in the exemplary cases of nanocrystalline metals Al and Ni as well as
nanocrystalline ceramic 3C–SiC (the cubic phase of silicon carbide). In doing so, we will use the following values of the
parameters G, m and c. For Ni, we put (Hirth and Lothe, 1982) G = 73 GPa, m = 0.34 and c = 1.725 J/m2. For Al, we set (Hirth
and Lothe, 1982) G = 27 GPa, m = 0.34 and c = 1 J/m2. For 3C–SiC, we get: G = 217 GPa, m = 0.23 (Ding et al., 2004) and
c = 1.5 J/m2 (Mehandru and Anderson, 1990). The dislocation core radius is taken as rc � 0.1 nm for all the materials. This
value is close to typical values of the Burgers vector magnitude of the dislocation, resulting from our calculations (see below).

With formulas (13)–(16), the effective fracture toughness K�IC depends on the threshold shear stress s0 for the intergrain
sliding. For metals, the value of the stress s0 is commonly very low. For instance, in the case of Al, the stress s0 does not ex-
ceed 4 MPa (Du et al., 2008). In these circumstances, it is a good approximation to take s0 = 0, for both Al and Ni. With for-
mulas (13)–(16) in the case of s0 = 0, one finds that the ratio K�IC=KIC ¼ 2

ffiffiffiffiffiffiffiffi
2=P

p
½lnðr0=rcÞ þ 1� does not depend on the material

parameters G, m and c. In other words, this ratio is in practice identical, for all materials (in particular, metals) characterized
by low values of the threshold shear stress s0.

In the case of nanocrystalline ceramic 3C–SiC with amorphous GBs, we take s0 = sa, where sa is the flow stress for the
amorphous SiC phase. In general, sa is highly sensitive to both temperature and strain rate. For very low temperatures (close
to T = 0 K) and/or high strain rates, athermal plastic deformation occurs. Following experiments (Khakani et al., 1994), the
microhardness HV of amorphous SiC is around 30 GPa. This value of HV, according to the standard relation sf � HV/6 between
HV and athermal flow stress sf (Veprek et al., 2003), corresponds to the athermal flow stress sa = 5 GPa of amorphous SiC. The
stress level significantly decreases with rising temperature and/or decreasing strain rate, in which case thermally-assisted
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deformation occurs. In our following consideration concerning thermally-assisted deformation, for definiteness, we will take
sa = 1 GPa.

The dependences of the ratio K�IC=KIC on the angle h and the distance r0 between the dislocation and the crack tip are pre-
sented as a map in Fig. 2, for nanocrystalline Al or Ni (Fig. 2a) and 3C–SiC (Fig. 2b). The map in Fig. 2a corresponds not only to
Al and Ni, but also to any other materials with low values of the threshold shear stress s0 characterizing intergrain sliding.
From this figure it follows that the local fracture toughness K�IC reaches its maximum value when the boundary plane (and
thereby the Burgers vector of the dislocation) makes the angle of around 70� with the direction of crack growth. This is re-
lated to the fact that the stress rrh has its maximum when the plane makes the angle �70� with the direction of crack
growth. From Fig. 2 it follows that the dislocation formation leads to increase of K�IC by �30%, when r0 � 1 nm. This effect
is significant, but the increase in K�IC rapidly falls with increasing r0 in the case of nanocrystalline 3C–SiC. For nanocrystalline
Al and Ni, the increase in K�IC gradually decreases with increasing r0. In general, as it follows from Fig. 2, the dislocation for-
mation effect on fracture toughness K�IC is stronger in metals, compared to 3C–SiC with amorphous GBs. This is because in the
latter case the threshold shear stress s0 for intergrain sliding is rather large.

In order to characterize the fracture toughness, one can use stresses and crack length instead of stress intensity factors.
The crack length l is in the following relationship with the stress intensity factor (see, e.g., Panasyuk, 1988): Kr

I ¼ r0

ffiffiffiffiffiffiffiffiffiffi
pl=2

p
.

The results of our previous calculations can be directly re-formulated in terms of stresses and crack length in the examined
situation where the crack length l is large enough ðl� r0Þ. To do so, we put l = 100 nm. For l = 100 nm, the critical stress rc0

needed to cause the catastrophic crack growth in the dislocation-free case (the critical stress for brittle fracture) is given as:
rc0 ¼

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
8Gc=½ð1� mÞpl�

p
. That is, rc0�1 GPa for Al,�2.2 GPa for Ni, and�3.3 GPa for 3C–SiC. The dislocation formation (Fig. 1)

leads to increase of the critical stress rc by 10–30% (Fig. 2). For instance, in the case of Al, for h = 70�, we have: rc � 1.30 GPa
at r0 = 2 nm; rc � 1.23 GPa at r0 = 5 nm; and rc � 1.20 GPa at r0 = 10 nm. In the case of Ni, for h = 70�, we obtain:
rc � 2.83 GPa at r0 = 2 nm; rc � 2.69 GPa at r0 = 5 nm; and rc � 2.62 GPa at r0 = 10 nm. In the case of 3C–SiC, for h = 70�,
we get: rc � 4.1 GPa at r0 = 2 nm; rc � 3.9 GPa at r0 = 5 nm; and rc � 3.8 GPa at r0 = 10 nm.

To summarize, in the situation where intergrain sliding in a nanocrystalline specimen near a crack tip is not accommodated,
it results in formation of a dislocation at a triple junction nearest to the crack tip. The triple junction dislocation creates a stress
field that relieves, in part, the high local stress concentrated near the crack tip. It was found that the non-acommodated inter-
grain sliding increases fracture toughness KIC by 10–30% in nanocrystalline Al, Ni and 3C–SiC.

4. Crack blunting due to accommodated intergrain sliding and its effect on fracture toughness of nanocrystalline
materials at intermediate temperatures

Let us consider the situation where intergrain sliding near a crack tip is effectively accommodated through GB-diffu-
sion-controlled processes, first of all, climb of GB dislocations. Commonly, this situation comes into play at intermediate
homologous temperatures at which GB diffusion is intensive but grain growth (destroying the nanocrystalline structure) is
suppressed. Intensive GB diffusion enhances climb of GB dislocations that effectively accommodates intergrain sliding, as
it is schematically shown in Fig. 3. At the first stage of the accommodation, a triple junction dislocation (produced by
intergrain sliding; Fig. 3b) climbs along a GB adjacent to the triple junction (Fig. 3c). Then, a new dislocation is formed
due to intergrain sliding at the triple junction located near the crack tip, and, as a result, the crack tip blunts (Fig. 3d).
The processes of GB dislocation climb and intergrain-sliding-produced formation of GB dislocations consequently occur
resulting in dramatic blunting of the crack (Fig. 3c–f).
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Fig. 2. Maps of the ratio K�IC=KIC (as a function of the angle h and distance r0 between the crack tip and the dislocation) in the case of an edge dislocation
located near a crack tip in (a) Al or Ni, and (b) SiC.
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Another scenario of GB-diffusion-controlled accommodation of intergrain sliding near a crack tip involves emission of
lattice dislocations from triple junctions of GBs, as it is schematically shown in Fig. 4. In doing so, intergrain-sliding-pro-
duced dislocations at triple junctions of GBs transform into lattice dislocations that are emitted into grain interiors (Fig. 4).
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Fig. 3. Intergrain sliding is accommodated through climb of grain boundary dislocations. Intergrain sliding near a crack tip produces triple junction
dislocations. These dislocations climb away, in which case intergrain sliding is enhanced and leads to the blunting of the crack.
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Fig. 4. Intergrain sliding is accommodated through both emission of lattice dislocation from triple junctions and following climb of grain boundary
dislocations. Intergrain sliding near a crack tip produces triple junction dislocations that transform into moving lattice dislocations. The emission of these
lattice dislocations from the triple junction leads to the blunting of the crack. The emitted lattice dislocations reach opposite grain boundary where these
dislocations split into grain boundary dislocations that climb away.
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The lattice dislocations reach a grain boundary (opposite to a triple junction emitting the dislocations) and transform into
grain boundary dislocations (Fig. 4). Then the emitted dislocations create stress fields that suppress both further emission of
lattice dislocations from the triple junction and thereby grain boundary sliding (Ruano et al., 2003; Langdon, 2006). However,
when the GB dislocations climb far from the triple junction, the junction again becomes active as the lattice dislocation
source. In these circumstances, intergrain sliding accommodated by lattice dislocation emission from triple junctions and
further GB dislocation climb can result in dramatic blunting of the crack (Fig. 4).

The accommodation of intergrain sliding through emission of lattice dislocation from triple junctions (Fig. 4) can occur in
nanocrystalline materials, if the Burgers vector magnitudes b of intergrain-sliding-produced dislocations is equal to or larger
than the Burgers vector magnitude bl for a perfect lattice dislocation. In this context, it is important to estimate typical values
of b in nanocrystalline materials. Fig. 5 presents the dependences of the Burgers vector magnitude b on the angle h and the
distance r0, for Al (Fig. 5a), Ni (Fig. 5b) and SiC (Fig. 5c). These dependences are shown as maps. The maps in Fig. 5 are cal-
culated using formula (11) in the case of Kr

I ¼ K�IC . That is, these dependences show the critical magnitude bc of the Burgers
vector of the dislocation whose formation requires the external stress equal to the critical stress for growth of the crack hav-
ing the dislocation in its vicinity. As a corollary, the dislocation Burgers vector magnitude bc is the maximum magnitude at
given values of r0 and h, because generation of the dislocation with the Burgers vector magnitude b > bc in the point (r0, h)
requires the stress level exceeding the critical stress for crack growth. As it follows from Fig. 5, the typical values of the crit-
ical Burgers vector magnitude for SiC are of the order of 0.1 nm. For nanocrystalline Ni and Al, such values grow from around
0.2 nm to around 0.4 and 0.6 nm, respectively, when the distance r0 (between the triple junction dislocation and the crack
tip) increases from 1 to 30 nm. In particular, for r0 > 5 nm, the critical Burgers vector magnitude bc is larger than the Burgers
vector magnitudes bl for perfect lattice dislocations in Al (2.86 Å) and Ni (2.49 Å) (Fig. 5b). In these circumstances, intergrain
sliding accommodated through the dislocation emission and associated GB dislocation (Fig. 4) can occur.

When the intergrain sliding (Fig. 4) comes into play, for bc P bl, there is a limit bemission of the Burgers vector magnitude of
the Volterra dislocation produced by intergrain sliding. The limit bemission represents the minimum Burgers vector magnitude
of the Volterra dislocation, at which the lattice dislocation emission into a grain interior (Fig. 4) occurs. In general, bemission
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Fig. 5. Maps of the critical magnitude bc of the dislocation Burgers vector (as a function of the angle h and distance r0 between the crack tip and the
dislocation) located near a crack tip in (a) Al, (b) Ni and (c) SiC (for details, see text).The values of bc are given in angstroms.
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ranges rather widely, because the dislocation emission process strongly depends on several factors (first of all, crystallogra-
phy of the adjacent grain and the applied stress). An exact calculation of bemission represents a separate problem which is be-
yond the scope of this paper. Instead, here we have used the lowest value of bemission (bemission = bl) as an input in calculations
of the lowest bound for fracture toughness enhancement due to the Volterra dislocation generation. The results of the cal-
culations are presented in Fig. 6, for nanocrystalline Al and Ni. As it follows from Figs. 2 and 6, the existence of the limit for
the Burgers vector magnitude of the Volterra dislocation modifies the dependences of the ratio K�IC=KIC on the angle h and the
distance r0 between the crack tip and the dislocation. However, the effect in question is not dramatic.

At the same time, when intergrain sliding near a crack tip is effectively accommodated through climb of GB dislocations
(without or with dislocation emission from triple junctions; see Figs. 3 and 4, respectively), essential crack blunting can oc-
cur, and its effects on crack growth can be significant. In the rest of this section, we consider the situation where crack blunt-
ing plays the dominant role in hampering crack growth and estimate the effect of crack blunting on the fracture toughness of
nanocrystalline metals.

To do so, we will use the approach suggested by Beltz et al. (1999). Following Beltz et al. (1999) and Huang and Li (2004),
we model the crack as an elongated ellipse with a curvature radius q at the crack tip, which is much smaller than the crack
length (Fig. 7).

Following Beltz et al. (1999), we also assume that the growth of the blunt crack is possible if the tensile stress rtip at the
crack tip, normal to the crack plane, reaches some critical value rp (rtip = rp). The stress rtip at the crack tip follows as
(Creager and Paris, 1967):

rtip ¼
2Kr

Iffiffiffiffiffiffiffipqp ; ð17Þ

where Kr
I is the generalized stress intensity factor (Huang and Li, 2004) assuming that the ellipse is replaced by a sharp crack

with a translation of the crack tip at the curvature center.
Within the macroscopic description that does not consider in detail what happens at the crack tip, the crack grows if

Kr
I ¼ K�IC . Combining this with the relation rtip = rp and formula (17), we obtain:

K�IC ¼
rp

ffiffiffiffiffiffiffipqp

2
: ð18Þ
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Fig. 6. Dependence of the ratio K�IC=KIC , in the case of an edge Volterra dislocation whose Burgers vector has a limit bemission = bl (for details, see text) in Al
and Ni (solid and dashed curves, respectively), on (a) the angle h made by the Burgers vector (or boundary plane) with the crack growth direction, for
r0 = 5 nm; and (b) on the distance r0 between the crack tip and the dislocation, for h = 70�.
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Formula (18) is valid, when q is larger than some critical radius qc at which the crack tip can be considered as curved. In the
case of q = 0 (sharp crack), we will use the formula (see above) K�IC ¼

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
4Gc=ð1� mÞ

p
.

Following Beltz et al. (1999), we define qc by the equality

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
4Gc=ð1� mÞ

p
¼ rp

ffiffiffiffiffiffiffiffiffipqc
p

2
; ð19Þ

which gives: qc ¼ 16Gc=½pð1� mÞr2
p�, and put

K�IC ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
4Gc=ð1� mÞ

p
; q < qc;

rp
ffiffiffiffiffipq
p

2 ; q > qc:

(
ð20Þ

Now let us relate the value of K�IC with plastic deformation e that occurs after the onset of intergrain sliding near the crack
tip. We assume that the process of intergrain sliding is controlled by consequent climb of GB dislocations (Fig. 3) followed by
their annihilation at an annihilation site. In this case, the crack tip curvature radius q can be estimated as: q � ðNbGB=2Þ sin a,
where bGB � 0, 1 nm is the Burgers vector of climbing GB dislocations and N is the number of GB dislocations that have
climbed from the GB along which intergrain sliding occurs to an annihilation site.

In the case of a constant tensile stress r normal to GB, the dislocation climb velocity vc is given by (Friedel, 1964)

vc ¼ ðDGB=hÞfexp½rb3
GB=ðkTÞ� � 1g; ð21Þ

where DGB is the GB diffusion coefficient, h is the climbing distance to the annihilation site, T is the absolute temperature, and
k is the Boltzmann constant.

Let us extend formula (21) for our case of varying r. As a first approximation, for a rough estimate of the dependence
K�ICðeÞ, we calculate the average climb velocity through replacement of r by �r in formula (21), where �r is the stress compo-
nent, created by the applied load near the crack tip, normal to the examined GB (along which dislocation climb proceeds) and
averaged over the dislocation climb way. Also, we focus on the situation where �rb3

GB=ðkTÞ < 1=2, in which case
exp½�rb3

GB=ðkTÞ� � 1 � �rb3
GB=ðkTÞ.

For simplicity, hereafter we put h = d� q. That is, the GB annihilation site is located at a triple junction adjacent to the GB
along which dislocation climb proceeds (Fig. 7). Then the average stress �r can be calculated using the expressions (e.g., Pan-
asyuk, 1988) for the stress field created by an applied load near a mode I crack as: �r � ðKr

I =
ffiffiffiffiffiffiffiffiffi
2pd
p

Þf ðaÞ, where

f ðaÞ ¼
Z 1

0
ðu2 þ 1Þ�1=4 cosðh0=2Þ½1þ sinðh0=2Þ sinð2a� 3h0=2Þ�du; ð22Þ

and h0 = a � arctan u .
The time necessary for a dislocation to climb the distance d towards the annihilation site is ta = d/vc. The number N of

dislocations that climbed to the annihilation site during time t is N = t/ta. In turn, the crack tip curvature radius after the
climb of N dislocations can be estimated as: q ¼ ðbGB=2ÞN sin a. Substitution of the expressions for N, ta, vc and �r into the
latter relation for q yields:

qðtÞ ¼ DGBb4f ðaÞ sinat

2d2 ffiffiffiffiffiffiffiffiffi
2pd
p

kT
Kr

I : ð23Þ

At Kr
I ¼ K�IC , q is related to K�IC by formula (24). Substituting the relation Kr

I ¼ K�IC and formula (23) to formula (20) and taking
into account that t ¼ e= _e, one obtains:

K�IC ¼max
pr2

pb4DGBf ðaÞ sina

8d2 ffiffiffiffiffiffiffiffiffi
2pd
p

kT _e
e;

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
4Gc=ð1� mÞ

p( )
: ð24Þ

crack

annihilation
site

Fig. 7. Dislocation climb near the tip of a blunt crack.
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Let us estimate K�IC for Al. To do so, we will use the following parameter values: rp = 9.06 GPa, c = 0.56 J/m2 (Beltz et al.
(1999) and references therein) and the values of G and m specified above. We also put a = p/6 and d = 15 nm. For the GB dif-
fusion coefficient DGB we employ the Arrhenius formula (e.g., Sutton and Balluffi, 1996) DGB = Db0 exp [ � Qb/(RT)], where R is
the universal gas constant, and set the following typical values of the GB diffusion activation energy Qb and pre-factor Db0

(Kwieciski and Wyrzykowski, 1991): Qb = 46.2 kJ/mol and Db0 = 2.2 	 10�9 m2/s.
The dependences K�ICðeÞ for Al are shown in Fig. 8a, for various values of temperature T and strain rate _e. As it follows from

Fig. 8a, for relatively high temperatures and small strain rates (see curves 1, 2 and 3 in Fig. 8a), dislocation climb rapidly
accommodates intergrain sliding. This results in significant crack blunting and, as a consequence, can lead to dramatic
enhancement of fracture toughness. For example, at e ¼ 0:03, an increase in K�IC due to crack blunting is 155% and 26% for
the cases shown in curves 1 and 2, respectively. These values of K�IC correspond to the crack tip radii q of 9.3 nm and
2.3 nm, respectively. (Also, in the exemplary case with e ¼ 0:03 and crack length l = 400 nm, the values of K�IC for the cases
shown in curves 1, 2 and 3 correspond to the values of the critical load r0c ¼ K�IC=

ffiffiffiffiffiffiffiffiffiffi
pl=2

p
equal to 977 GPa, 482 MPa and

381 MPa, respectively. Apparently, the value of r0c = 977 MPa is much higher than typical values of the flow stress of nano-
crystalline Al.) At the same time, for small temperatures and/or high strain rates, dislocation climb is too slow to sufficiently
accommodate intergrain sliding, and so the enhancement of fracture toughness due to crack blunting is not significant (see
curve 4 in Fig. 8a).

For a specified crack length l, the stress intensity factor Kr
I ¼ r0

ffiffiffiffiffiffiffiffiffiffi
pl=2

p
scales with the applied stress r0 and increases with

e. Thus, catastrophic crack propagation can occur if at some e, Kr
I reaches its critical value K�IC . In order to illustrate it, consider

the case of designated temperature T and strain rate _e. For this case, we employ the following model stress-strain depen-
dence: r0ðeÞ ¼ Aðeþ e0Þn, where e0 is the deformation corresponding to the onset of intergrain sliding and dislocation climb
near the crack tip, and A and n are model parameters. Using this dependence, we obtain: Kr

I ðeÞ ¼ A
ffiffiffiffiffiffiffiffiffiffi
pl=2

p
ðeþ e0Þn.

The plots of the dependences Kr
I ðeÞ are shown in Fig. 8b for l=400 nm, e0 ¼ 0:02, n = 0.4, and two different values of the

parameter A (A = 1.3 GPa and A = 1.5 GPa; see the lower and upper solid lines, respectively). For comparison, the dependence
K�ICðeÞ is also shown in this figure as a dashed line, for the case of nanocrystalline Al deformed at T = 353 K and
_e ¼ 8 	 10�3 s�1. (This dependence is identical to that shown in curve 2 in Fig. 8a.) As is seen in Fig. 8b, depending on the
parameter values, two situations can take place. If the flow stress is large enough, the curve Kr

I ðeÞ intersects the curve
K�ICðeÞ at some critical strain ec and critical stress r0c . At this critical strain and stress, the crack starts to propagate, which
results in the fracture of the nanocrystalline solid. For the model case shown in Fig. 8b, the critical stress r0c is approximately
equal to 380 MPa. In contrast, if the flow stress of the deformed solid is sufficiently small, the curve Kr

I ðeÞ always lies below
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Fig. 8. Stress intensity factor Kr
I and critical stress intensity factor K�IC for nanocrystalline Al as functions of plastic strain e after the onset of intergrain

sliding near the crack tip. (a) Dependences K�ICðeÞ for T = 323 K and _e ¼ 10�3 s�1 (curve 1), T = 353 K and _e ¼ 8 	 10�3 s�1 (curve 2), T = 323 K and
_e ¼ 3 	 10�3s�1 (curve 3), and T = 323 K and _e ¼ 8 	 10�3 s�1 (curve 4). (b) Dependences Kr

I ðeÞ (solid lines) and K�ICðeÞ (dashed line), for A=1.3 GPa and 1.5 GPa
(lower and upper solid line, respectively), T = 353 K and _e ¼ 8 	 10�3 s�1.
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the curve K�ICðeÞ. In this case, intergrain sliding accommodated by dislocation climb completely suppresses crack propagation
at any strain e.

As follows from formula (24), if K�IC > KIC , the critical stress intensity factor K�IC rapidly falls with an increase in grain size d
(K�IC scales with d as K�IC 
 d�5=2). The dependences of K�IC on grain size d for nanocrystalline Al deformed at _e ¼ 10�3 s�1 and
various temperatures T are shown in Fig. 9, for e ¼ 0:03. Fig. 9 clearly demonstrates that the effect of crack blunting on frac-
ture toughness K�IC is essential only in the range of small grain size (that is, if grain size d is smaller than some critical value
dc). At d = dc, fracture toughness reaches its limiting value KIC, corresponding to the case of brittle fracture, and does not
change with a further increase in d. As temperature T increases, the critical grain size dc also increases, and for a specified
grain size d an increase in K�IC with a decrease in d becomes much more pronounced. As grain size d increases, GB dislocation
climb becomes too slow to fully accommodate intergrain sliding and can no more promote fast crack blunting and associated
increase in fracture toughness K�IC .

5. Discussion. Concluding remarks

Thus, though most nanocrystalline materials have low ductility and low fracture toughness (see, e.g., reviews Mukherjee,
2002; Kumar et al., 2003a; Kuntz et al., 2004; Ovid’ko, 2005, 2007; Wolf et al., 2005; Meyers et al., 2006; Dao et al., 2007;
Koch, 2007), there are experimental data showing enhancement of fracture toughness of several nanocrystalline ceramics
(Bhaduri and Bhaduri, 1997; Kuntz et al., 2004; Zhao et al., 2004; Kaminskii et al., 2005; Pei et al., 2005) and nanocrystalline
Ni (Mirshams et al., 2001), compared to that of their microcrystalline counterparts. The fracture toughness enhancement can
be attributed to specific toughening mechanisms that operate in these nanocrystalline materials (due to large amounts of
GBs and the nanoscale effects) and effectively ‘‘replace” the conventional toughening through the lattice dislocation emission
from crack tips. Here we suggested theoretical models describing one such specific toughening mechanism, namely tough-
ening through non-accommodated and accommodated intergrain sliding processes in nanocrystalline materials at low and
intermediate temperatures, respectively. Within the first model, the non-accommodated intergrain sliding in the vicinities of
crack tips in nanocrystalline materials at comparatively low temperatures results in formation of immobile non-crystallo-
graphic Volterra dislocations at triple junctions of GBs (Fig. 1). For nanocrystalline Al, Ni and 3C–SiC, from the force criterion
for crack growth, we revealed that the effective fracture toughness K�IC increases by 
30% due to the dislocation produced by
the non-accommodated intergrain sliding at a triple junction of GBs, when the distance r0 between the dislocation and the
crack tip is around 1 nm. This effect is significant, but the increase in K�IC rapidly falls with increasing r0 in SiC (Fig. 2b). For
nanocrystalline Al and Ni, the increase in K�IC gradually decreases with increasing r0 (Fig. 2a). The discussed sensitivity of frac-
ture toughness to the distance r0 (Fig. 2) correlates with the toughness sensitivity to the grain size d, because the likelihood
to have a triple junction closely located to a crack tip is large when the grain size is very low. (More than that, the distance r0

is very close to the grain size in nanocrystalline materials with finest grains, in which cracks tend to propagate along GBs
(Fig. 10).) In these circumstances, the role of intergrain sliding as a specific toughening mechanism is expected to be well
pronounced in nanocrystalline metals and ceramics with finest grains.

In the case of intermediate temperatures, the intergrain sliding is effectively accommodated by diffusion-controlled climb
of grain boundary dislocations and dislocation emission to the grain interior (Figs. 3 and 4). The accommodated intergrain
sliding is capable of causing significant blunting of cracks in nanocrystalline materials, which can significantly increase (by a
factor ranging from 1.1 to around 3, depending on temperature) fracture toughness and thus hamper crack growth. This ef-
fect is well pronounced in nanocrystalline materials with finest grains and diminishes dramatically when grain size d in-
creases (Fig. 9). That is, the considered effect of the accommodated intergrain sliding is inherent precisely to
nanocrystalline materials and does not operate in coarse-grained polycrystals.

With the results of this paper, the experimentally detected difference in fracture behavior between tough and brittle
nanocrystalline materials can be attributed to the respectively effective and ineffective replacement of the conventional
toughening mechanism (through lattice dislocation emission from crack tips that dominates in conventional polycrystals)
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Fig. 9. Critical stress intensity factor K�IC for nanocrystalline Al as a function of grain size d.
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by alternative toughening mechanisms (in particular, intergrain sliding) in nanocrystalline materials. If alternative toughen-
ing mechanisms intensively operate in a nanocrystalline specimen, it shows enhanced toughness compared to that of its
coarse-grained counterpart. In contrast, a nanocrystalline specimen has low fracture toughness, if alternative toughening
mechanisms do not effective replace the conventional toughening mechanism.

The discussed difference in the fracture behavior of nanocrystalline materials is well illustrated by the experimental
data (Mirshams et al., 2001) concerning crack growth in nanocrystalline Ni specimens (with grain size being around
20 nm) processed at different conditions. More precisely, Mirshams et al. (2001) reported that the crack growth resistiv-
ity of nanocrystalline nickel thin sheets at room temperature, in the cases of as-fabricated specimens and specimens
after annealing at 373 K, exceeds the resistivity of coarse-grained polycrystalline nickel. In contrast, after annealing at
473 K, nanocrystalline Ni shows low crack growth resistivity, compared to that of coarse-grained Ni. These interesting
experimental data are naturally explained in terms of sensitivity of intergrain sliding (and other alternative toughening
mechanisms conducted by GBs) to the structure of GBs. Such boundaries in as-fabricated nanocrystalline metallic spec-
imens are commonly non-equilibrium (Valiev and Alexandrov, 1999; Valiev et al., 2000; Huang et al., 2001; Valiev, 2004;
Koch et al., 2007). They contain many excess GB dislocations, in which case intergrain sliding in as-fabricated nanocrys-
talline Ni specimens is enhanced. Annealing at comparatively low temperature, 373 K, does not dramatically change the
non-equilibrium GB structures. Therefore, the non-accommodated intergrain sliding is still enhanced and effectively
hampers crack growth in as-fabricated nanocrystalline Ni specimens and specimens after annealing at 373 K. In contrast,
after annealing at 473 K, non-equilibrium GBs transform into equilibrium ones. This is because 473 K is close to charac-
teristic temperature TGBD at which intensive GB diffusion processes occur and cause extra GB dislocations to be annihi-
lated. (For metals, TGBD is around 0.3Tm, where Tm is the melting temperature (Vladimirov, 1975). For Ni, Tm = 1728 K,
and TGBD is around 520 K.) In these circumstances, intergrain sliding and other alternative toughening mechanisms (con-
ducted by GBs) are suppressed and hardly hamper crack growth in nanocrystalline Ni specimens after annealing at
473 K.
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